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Section  1:  EXECUTIVE  SUMMARY 


The  research  is  concerned  with  the  mechanical  propoties  of  ceramic/metal  bonded  systems 
and  with  establishing  criteria  for  interface  decohesion,  for  sliding  and  for  cracking  across 
interfaces.  The  research  is  closely  coordinated  with  other  ONR/ARPA  programs  at  UCSB 
concerned  with  advanced  composites.  The  research  has  application  to  the  mechanical 
performance  of  biphasic  systems,  including  metal  matrix  composites,  layered  materials  and 
refractory  metal  toughened  ceramics.  It  is  also  relevant  to  the  adhesion  of  ceramic  coatings 
on  alloy  substrates,  the  joining  and  brazing  of  metals  to  ceramics  as  well  as  the  mechanical 
integrity  of  multilayer  capacitors  and  ceramic  packages  for  electronic  devices.  A  central 
issue  concerns  the  elucidation  of  relationships  between  interface  debonding  and  sliding  and 
the  properties  and  dimensions  of  the  constituents  and  interphases. 

A  major  focus  of  the  recent  research  has  been  on  stress  redistribution  caused  by  slip  and 
debonding  of  interfaces.  Such  redistribution  ultimately  controls  the  damage  mechanisms 
that  operate  in  multilayers  and  hence,  their  thermostructural  performance.  The  preferred 
response  is  one  in  which  damage  is  spatially  distributed  rather  than  localized  into  a 
dominant  crack.  To  explore  these  effects,  various  calculations  and  experiments  have  been 
performed  for  multilayers  containing  cracks  in  one  of  the  brittle  layers.  Then,  the  stresses 
in  the  neighboring  layers  have  been  ascertained  for  both  slipping  and  debonding  interfaces. 
The  measurements  have  been  made  using  both  Moird  interferometry  and  fluorescence 
spectroscopy.  The  measurements  are  in  good  agreement  with  calculations,  which  show 
that  debonding  is  much  more  effective  than  slip  at  reducing  stress  concentrations,  thereby 
encouraging  distributed  rather  than  localized  damage. 

A  complementary  activity  has  been  on  the  cyclic  response  of  interfaces  in  multilayers,  with 
associated  implications  for  stress  redistribution  and  thermostructural  performance.  For 
typical,  well-bonded  metal/ceramic  interfaces,  it  has  been  found  that  fatigue  crack  growth 
occurs  along  the  interface,  in  preference  to  crack  growth  through  the  alloy,  whenever  the 
interface  is  subject  to  a  significant  opening  mode  component  (phase  angle  4^  <  50’).  Such 
fatigue  debonding  diminishes  stress  concentrations  and  enhances  the  thermostructural 
response.  Conversely,  when  interface  debonds  are  subject  to  shear  (mode  II),  fatigue 
crack  growth  occurs  preferentially  through  the  alloy,  leading  to  degraded  structural 


performance.  The  effect  of  mode  mixity  on  interface  fatigue  has  thus  emerged  as  a  critical 
issue  for  further  study. 

The  effects  of  diffusion  bonding  on  the  tensile  strength  has  been  explored  for  metal/ceramic 
systems  that  do  not  form  reaction  products.  It  has  been  found  that  diffusional  phenomena 
occurring  at  high  temperatures  cause  morphological  changes  at  the  interface.  Ridges  and 
troughs  form  in  response  to  surface  and  interface  forces.  These  features  act  as  flaws  that 
diminish  the  tensile  strength.  Such  effects  ate  especially  prevalent  with  high  strength  oxide 
fibers,  which  have  properties  sensitive  to  small  surface  flaws.  This  research  has  identified 
phenomena  that  must  be  avoided  in  order  to  prevent  strength  degradation  in  metal/ceramic 
sytems. 

Finally,  a  microelectronics-based  method  for  measuring  the  debond  energy  for  thin  metal 
films  on  a  substrate  has  been  developed  and  used  to  determine  the  debonding  of  Cu  from 
Si02.  It  uses  a  vapor  deposited  Cr  superlayer,  subject  to  'intrinsic'  tensile  stress,  to 
provide  the  energy  release  rate  for  mixed  mode  decohesion,  after  deposition.  The  layer  and 
the  film  are  patterned  and  severed  to  establish  the  critical  thickness  at  which  spontaneous 
decohesion  occurs.  This  critical  thickness  is  explicitly  related  to  Pi.  The  results  for 
Cu/Si02  give  H  values  in  the  range  expected  from  other  studies.  The  application  of  this 
new  method  to  other  thin  films  and  multilayers  is  now  being  exploited. 
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Abstract 

Several  problems  are  analyzed  that  have  bearing  on  cracking  and  survivability  in  the 
presence  of  cracking  of  layered  composite  materials  comprised  of  brittle  layers  joined  either  by  a 
weak  interface  or  by  a  thin  layer  of  a  well-bonded  ductile  metal.  The  problems  concern  a  crack  in 
one  Ivittle  layer  inqtinging  on  the  interface  widi  the  neighboring  brittle  layer  and  either  branching, 
if  the  interface  is  weak,  or  inducing  plastic  yielding,  if  a  ductile  bonding  agent  is  present  Fat  the 
case  of  a  weak  interface,  the  effect  of  debtmding  akmg  die  interface  is  analyzed  and  results  for  die 
stress  redistribution  in  the  uncracked  layer  direcdy  ahead  of  the  crack  dp  are  presented.  Debonding 
lowers  the  high  stress  concentration  just  across  the  interface,  but  causes  a  small  increase  in  the 
tensile  stresses  further  ahead  of  the  tip  in  the  uncracked  layer.  A  similar  stress  redistribution 
occurs  when  the  layers  are  joined  by  a  very  thin  ductile  layer  that  undergoes  yielding  above  and 
below  die  crack  tip,  allowing  die  cracked  layer  to  redistribute  its  load  to  the  neighboring  uncracked 
layer.  The  role  of  debonding  and  yielding  of  the  interface  on  3D  tunnel  oacking  through  an 
individual  layer  is  also  discussed  and  analyzed.  Residual  stress  in  the  layers  is  included  in  the 
analysis. 
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1.  Introduction 

When  layered,  thin  sheets  of  a  brittle  material  may  have  toughness  and  strength  properties 
which  are  far  superior  to  those  of  the  material  in  bulk  form  [1-6].  To  achieve  good  strength  and 
toughness,  the  interface  between  adjoining  layers  must  stymie  the  stress  concentration  effect  oi  any 
crack  that  occurs  in  an  individual  layer,  reducing  the  likelihood  that  it  will  pr(^>agate  into  the  next 
layer.  Depending  on  the  nature  of  the  interface,  this  may  occur  by  debonding,  when  the  interface 
is  brittle  and  relatively  weak,  or  by  yielding  and  sliding  for  systems  comprised  <A  brittle  layers 
alternating  with  thin  ductile  adhesive  layers.  The  latter  category  is  represented  by  sheets  of  AI2O3 
joined  by  thin  layers  of  aluminum  [2]  and  by  the  model  system  with  sheets  of  Al2C)3  bonded  by 
epoxy  [3].  Some  of  the  issues  related  to  the  design  of  layered  brittle  materials  are  rimilaf  to  those 
encountered  in  the  design  of  fiber-reinforced  brittle  matrix  composites,  such  as  the  selection  of 
interface  toughness  to  prevent  matrix  cracks  fiom  penetrating  die  fibers.  Other  issues  are  unique  to 
the  layered  geometry,  and  this  paper  addresses  a  few  of  them.  In  particular,  die  role  of  yielding  or 
debonding  of  the  interface  in  defeating  cracks  in  individual  layers  is  analyzed  by  considering  the 
stress  redistribution  in  the  adjoining  uncracked  layer  that  accompanies  these  processes.  Results 
will  also  be  given  for  the  energy  release  rate  of  3D  cracks  tunneling  through  an  individual  layer. 
This  release  rate,  which  is  influenced  by  interface  yielding  or  debonding,  provides  the  essential 
information  needed  to  predict  the  onset  of  widespread  layer  cracking  in  terms  of  the  thickness  of 
the  britde  layer  material  and  its  toughness. 

The  geometries  of  the  problems  to  be  studied  are  laid  out  in  Fig.  1.  Fig.  la  shows  a 
cracked  layer  of  width  2w  with  zones  of  either  yielding  or  debonding  in  the  interface  extending  a 
distance  d  above  and  below  the  crack  tips.  The  interface  is  taken  to  be  either  a  very  thin  ductile 
layer  of  an  elastic-perfectly  plastic  material  with  shear  flow  stress,  x,  or  a  weak  plane  tiiat  debonds 
and  slips  under  condititHis  such  that  the  layers  remain  in  contact  and  exert  a  friction  stress  x  on 
each  other.  The  ductile  adhesive  layer  allows  slipping  of  the  layers  it  joins  relative  to  one  another 
by  plastic  yielding,  but  it  is  assumed  that  debcmding  does  not  occur.  In  this  case,  the  condition 
K2  =  0  must  be  enforced,  leading  to  well-behaved  shear  stresses  at  the  end  of  the  yielding  zone  and 
establishing  the  zone  length  d.  In  the  case  where  the  interface  debcmds,  the  interface  crack  is  fully 
closed  for  d/w>0.71  [7].  The  mode  2  stress  intensity  factor  K2  at  the  end  of  the  slipped  zone  will 
be  nonzero  and  must  attain  the  mode  2  toughness  of  die  interface  for  the  debond  to  spread.  Results 
fOT  K2  will  be  given. 

Cracks  in  individual  layers  spread  as  3D  tunnel  cracks  propagating  through  the  layer  as 
depicted  in  Fig.  2.  Once  the  crack  has  spread  a  distance  of  at  least  several  layer  thicknesses  in  the 
z-direction  it  approaches  a  steady-state  wherein  the  behavior  at  the  inopagating  crack  front  becomes 
independent  of  the  length  of  the  crack  in  the  z-direction.  Under  these  steady-state  conditions,  the 
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energy  release  rate  of  the  propagating  front  can  be  computed  using  the  plane  strain  solution 
associated  with  the  geometry  of  Rg.  la  (other  examples  of  tunnel  cracks  are  given  in  the  review 
article  [8]).  The  steady-state  energy  release  rate  can  be  computed  in  terms  of  the  average  of  the 
opening  5(x)  of  the  plane  strain  crack.  The  zone  of  yielding  or  debonding  increases  the  tunneling 
energy  release  rate,  thereby  lowering  the  overall  stress  at  which  widespread  layer  cracking  can 
occur.  Results  for  the  tunneling  energy  release  rate  will  be  given.  The  role  of  residual  stresses  in 
the  layers  are  readily  accounted  for,  as  will  be  discussed  in  the  final  sectxm. 

When  the  interface  is  weak  and  debonding  occurs,  the  interface  crack  is  fully  open  with 
mixed  mode  intensity  factors  when  d/w<0.24  [7].  This  case  can  be  well  approximated  by  the 
asymptotic  problem  for  a  semi-infinite  crack  impinging  the  interface  where  die  remote  field  is  the 
K-field  associated  with  the  problem  in  Hg.la  widi  d=0.  The  stress  redistribution  in  the  next  layer 
ahead  of  the  impinging  crack  tip  will  be  given,  along  with  a  owrection  of  previous  results  fm  the 
energy  release  rate  for  the  douUy-deflected  interface  crack  of  [9].  When  plastic  yielding  of  a 
ductile  adhesive  layer  occurs,  another  asymptotic  problem  applies  when  a  is  sufRciendy  small 
compared  to  t.  Then,  the  asymptotic  problem  is  that  shown  in  Fig.  lb  for  a  semi-infinite  crack 
loaded  remotely  by  the  same  K-field.  In  this  case  as  well,  en^hasis  will  be  placed  on  the  effect  of 
yielding  in  the  thin  adhesive  layer  on  the  stress  distribution  ahead  of  the  crack  tip  in  die  uncracked 
layer. 

2.  Effect  of  Plastic  Yielding  on  Stress  Redistribution. 

As  discussed  above,  the  thin  ductile  adhesive  layers  in  Hg.la  are  assumed  to  be  elastic- 
perfectly  plastic  with  a  yield  stress  in  shear  ctf  t  and  are  noodeled  as  having  zero  thickness.  The 
plane  strain  problem  is  considered  where  the  central  cracked  layer  has  the  same  elastic  properties 
(E,v)  as  the  semi-infinite  blocks  adjoining  across  the  interfaces.  Under  monotonic  increase  of  the 
applied  remote  stress,  a,  the  zones  of  yielding  of  half-hei^t  d  Sfnead  allowing  slip  in  the  ftmn  of  a 
tangential  displacement  discontinuity  across  the  interface  in  the  yielded  regitm.  The  condition 
Oxy«±t  is  enforced  within  the  yielded  zones  of  the  interface.  The  Dugdale-like  condition,  K2=0, 
at  the  ends  of  the  yielded  zones  ensures  that  (he  shear  stress  on  the  interface  falls  off  continuously 
just  outside  the  yielded  zone,  and  it  determines  die  relation  of  d/w  to  ah  under  the  monotonic 
loading  considered.  Integral  equation  methods  are  employed  to  solve  this  problem,  as  well  as  the 
others  posed  below;  a  brief  outline  of  the  methods  used  are  discussed  in  the  Appendix. 

The  two  most  important  functional  relations  needed  to  solve  the  3D  tuiuieling  crack 
problem  discussed  below  are  shown  in  Figures  3  and  4.  InFig.4,  5  is  the  average  crack  (^}etting 
displacement  defined  by 


2w^-* 

The  elastic  value  of  5,  valid  when  there  is  no  yielding  is  8(px(l-v2)<Tw/E.  'neldingttf 

the  adhesive  layers  begins  to  make  a  significant  contribution  to  the  average  crack  opening 
displacement  when  o/x  exceeds  unity.  The  redistribution  of  ntnmal  stress.  Oyy(xX)).  in  the  block 
of  material  across  the  interface  is  shown  in  Rg.  5  for  three  levels  of  o/t.  The  curve  diown  for 
o/tsl.5  is  only  very  slightly  reduced  below  the  elastic  distribution  ( Oyy(x/))«(x<f  iy(x^2x)l^ ) 
for  x/w>0.0S.  Reduction  of  stress  ahead  of  the  crack  tip  begins  to  be  i4q;>reciaUe  when  o/c»2.7, 
and  is  quite  signiHcant  when  o/ta6.4.  The  drop  in  stress  just  across  the  interface  is  offset  a 
slight  increase  in  stress  relative  to  the  elastic  distributioo  further  away  firom  the  interface.  This  is  a 
feature  seen  in  all  die  stress  redistribution  results. 


Stress  redistribution  can  be  presented  in  anodier  way  when  d/w  is  sufficiently  «™il  using 
the  asymptotic  problem  depicted  in  Hg.  lb.  As  long  as  d/w  is  sufficiently  siiudl,  the  yielding 
behaviOT  is  small  scale  yielding  with  the  elastic  stress  intensity  factor  K  as  the  contrtdling  load 
parameter.  The  remote  field  imposed  on  the  semi-infinite  crack  is  the  elastic  K-field.  This 
asymptotic  problem  has  also  been  solved  with  integral  equation  techniques.  The  extent  of  die  yield 
zone  in  the  asymptotic  problem  is 


d*0.05 


(2) 


Fig.  6  displays  the  normal  stress  directly  ahead  of  the  crack  tip  in  the  adjoining  block  nomudized 
by  the  elastic  stress  field  for  the  limit  x^o*.  The  stress  ratio  in  Fig.  6  depends  on  x/d  but  is 
otherwise  independent  of  K  in  the  asymptotic  problenL  Yielding  reduces  the  stress  below  the 
elastic  level  over  a  region  ahead  of  the  crack  tip  which  is  a  little  larger  than  d/10.  B^ond  that 
region  the  stresses  ate  slighdy  elevated  above  the  elastic  levels  and  qiproach  the  elastic  (fistribution 
as  x/d  becomes  large.  The  stress  redistribution  due  to  debonding  which  is  also  presented  in  Rg.6 
is  more  dramatic,  as  will  be  discussed  later  in  the  pqier. 


3.  Effect  of  Plastic  Yielding  on  Tunnd  Cracking 


As  stated  earlier,  the  steady-state  energy  release  rate  for  a  3D  tunneling  ctadc  can  be 
computed  using  the  plane  strain  solution.  For  the  geometry  and  loading  shown  in  Figs.la  and  2, 
the  leading  edge  of  the  tunneling  crack  propagating  in  the  z-direction  experiences  mode  I 
condititms.  Let  Gss  denote  the  energy  release  rate  averaged  over  the  prq>agating  crack  front  An 
energy  balance  accounting  for  the  release  energy  per  unit  advance  of  the  tunnel  crack  under 
steady-state  conditions  gives  that  2wGss  is  the  work  done  by  the  tractions  toting  across  die  plane 
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the  layer  crack  in  the  plane  strain  pn4)lem  as  those  tractims  are  reduced  to  aseio  from  o.  For  the 
inesent  proUems,  this  is  the  same  as 

G„  =  J^5(o0d<J'  (3) 

where  6  is  the  average  crack  opening  displacement  for  the  tncticm-free  plane  strain  crack  under 
monoconically  increased  remote  o.  The  elastic  result  for  d^O  (Le..  )  is 

^0  _  *(l~v*)a^w 

G*  * - rr -  (^) 

2E 

The  ratio  of  0$$  to  can  be  ctMnputed  from  the  data  in  Fig.  4  using  siiiq>le  numerical 
integradon.  The  result  is  plotted  in  Fig.  7.  Increases  of  die  steady-state  release  rate  above  the 
elastic  value  become  important  when  o/t  exceeds  unity. 

4.  Effect  of  Debonding  and  Frictionless  Slipping  on  Stress  Redbtribution 

A  review  of  the  plane  strain  interface  debcmding  problem  for  the  geometry  of  Hg. la  is  as 
follows  for  the  case  where  no  fricdonal  resistance  is  exerted  across  the  debonded  interfaces  (Le., 
xaO  ).  According  to  [7],  the  debonded  interface  will  be  fully  open  when  d/w<0.24,  and  the 
interface  crack  dp  at  the  end  of  the  debond  is  subject  to  mixed  mode  condidons,  as  will  be 
discussed  further  for  the  asymptodc  problem  below.  For  0.24<d/w<0.71,  the  debond  crack  dp  is 
closed  and  therefore  in  a  state  of  pure  mode  2,  but  a  pmdon  of  the  interface  near  die  main  layer 
crack  is  sdll  open.  For  d/w>0.71,  the  interface  is  fully  closed  and  the  interface  crack  dp  is  in 
mode  2.  The  top  curve  for  the  ncwmalized  mode  2  stress  intensity  factor  in  Hg.  8  applies  to  the 
fricdonless  case.  It  was  computed  using  the  integral  equadon  methods  outlined  in  the  Appendix 
under  the  constraint  that  the  interface  remains  closed.  The  results  are  stricdy  correct  only  for 
dM>0.71  (and  are  in  agreement  with  the  results  of  [7]),  but  are  only  slighdy  in  errOT  for  smaller 
d/w.  The  average  crack  opening  displacement,  5,  r’^eded  for  the  tunnel  crack  calculations  is 
shown  in  Fig.  9  where  the  top  curve  again  applies  to  die  fricdonless  case. 

The  role  of  debonding  on  stress  redistribudra  is  seen  in  Hg.  10,  where  curves  of  the  stress 
ahead  of  the  right-hand  layer  crack  dp  (normalized  by  the  remote  applied  stress  a)  are  plotted  for 
various  levels  of  debonding,  all  for  the  closed  interface  with  Ta4).  Debonding  cleariy  has  a 
,  significant  effect  on  lowering  the  stress  on  the  adjoining  material  just  across  the  interface,  more  so 
than  for  plasdc  yielding  of  a  thin  ductile  layer  discussed  in  connecdon  with  Hg.  S.  For  sufficiendy 
small  dM,  the  debonded  interface  is  fully  qien  and,  mneover,  the  asynqitodc  problem  for  a  semi¬ 
infinite  crack  impinging  on  the  interface  applies,  as  depicted  in  the  insert  of  Hg.  6.  The  stress 
redistribudon  is  plotted  in  Fig.  6,  which  shows  that  the  stress  ahead  of  the  layer  crack  tip  is 
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reduced  below  the  level  in  the  absence  of  debonding  over  a  distance  firtxn  the  interface  equal  to 
one-half  of  the  debond  length  d.  This  figure  also  makes  clear  that  debonding  i^pears  to  be  more 
effective  in  protecting  the  uncracked  layer  across  the  interface  duui  plastic  yielding  of  a  thin  ductile 
adhesive  layer. 

As  a  digression,  we  record  the  mode  1  and  2  stress  intensity  factors  for  the  qren  interface 
crack  tip  fw  the  asymptotic  proUem  of  Hg.  6: 

^*0.399  and  0.322  (5) 

K  K 

The  associated  ratio  of  the  energy  release  rate  of  the  interface  crack  tip  to  that  of  a  mode  I  oack 
penetrating  straight  through  the  interface  without  debonding  is  0.263  when  both  the  deflected  tips 
and  the  penetrating  tip  emerge  from  the  main  crack  tq)  at  the  same  iq)plied  K.  These  results  correct 
results  given  in  [9]  which  were  in  error  for  the  case  of  the  doubly-deflected  interface  crack.  A 
complete  set  of  corrections  of  this  energy  release  rate  ratio  for  this  case  over  the  full  range  of  elastic 
mismatch  across  the  interface  will  be  included  in  an  upcoming  paper  [10]. 

5.  The  Effect  of  Frictional  Slipping  on  Debonding  and  Tunnel  Cracking 

Figs.  8  and  9  contain  curves  for  the  normalized  mode  2  stress  intensity  factor  and  the 
average  crack  opening  displacement,  respectively,  in  the  plane  strain  problem  for  several  levels  of  a 
constant  friction  stress  t  relative  to  a  acting  over  the  bcmded  interface.  A  constant  friction  stress, 
as  opposed,  for  example,  to  a  Coulomb  friction  stress,  has  been  used  by  a  number  of  wcakers  to 
represent  the  frictional  forces  exerted  across  slipping  interfaces  in  conq)Osit^.  The  purpose  of  the 
present  limited  study  is  to  illustrate  the  effect  of  friction  in  establishing  the  extent  of  debonding  and 
its  associated  influence  on  the  3D  tunneling  energy  release  rate.  Almost  certainly,  additional 
studies  will  be  required  before  a  good  understanding  is  in  hand,  including  studies  with  other 
friction  laws.  Some  results  for  the  effect  of  Coulomb  friction  on  the  mode  2  interface  stress 
intensity  factor  have  been  presented  in  [1 1]. 

Let  Kc  denote  the  mode  2  toughness  of  the  interface.  Attention  will  be  concentrated  on  the 
behavior  following  initiation  of  interface  debonding  when  the  debond  length,  d,  is  sufficiently 
large  (i.e.,  greater  than  about  w/4 )  such  that  the  debond  interface  crack  tip  is  in  mode  2.  Impose 
the  debonding  condition,  K2»Kc,  on  the  solution  presented  in  Figs.  8  and  9.  The  relationships 
that  result  between  the  applied  stress  and  the  debmiding  length  and  the  average  crack  opening 
displacement  are  plotted  in  Figs.  1 1  and  12.  The  two  nondimensional  stress  parameters  in  these 
figures  are  the  applied  stress  parameter,  (aVw)/Kc,  and  the  constant  friction  stress  parameter, 
(Ww)/Kc  .  (Note  that  it  is  necessary  to  interpolate  values  between  the  curves  of  Hgs.  8  and  9  to 
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arrive  at  the  plots  in  Figs.  1 1  and  12,  since  a  oxistant  value  of  (WwVKc  do^  not  correspond  to  a 
constant  value  of  x/c.)  In  the  range  of  d  less  dian  about  w/4,  the  predictions  are  not  expected  to  be 
correct  since  the  interface  undergoes  mixed  mode  debonding  and  not  mode  2  debonding.  Thus, 
the  details  in  the  vicinity  of  the  initiation  of  debonding  are  not  correct  In  particular,  the  value  of 
(a>/w)/Kc  at  which  5  begins  to  depart  from  So  (see  Fig.  12)  would  depend  on  the  mixed  mode 
condition  for  debond  initiation.  But  once  debonding  has  progressed  to  the  point  that  the  interface 
crack  tip  is  closed,  the  mode  2  criterion  is  apprc^niate  and  the  curves  are  accurate. 

In  the  absence  of  friction  the  debonding  process  is  unstable,  since  for  a  fixed  O.  K2  has  a 
maximum  when  d=w  and  then  drops  slightly  to  an  asymptote  as  d  increases  further.  Under  a 
prescribed  o,  the  mode  2  debond  would  advance  dynamically  after  it  is  initiated.  In  this  sense,  the 
curves  shown  in  Figs.  11  and  12  for  t^O  represent  unstable  debonding  behavior.  Friction 
stabilizes  the  debonding  process  giving  rise  to  a  monotonically  increasing  debond  length  and 
average  crack  opening  displacement  as  the  applied  stress  increases.  A  nondimensional  friction 
stress  on  the  order  of  (Ww)/Kc=l/8  or  vaan  is  required  if  friction  is  to  be  important 

The  steady-state  energy  release  rate  for  tunnel  cracking  can  be  computed  from  the  curves  in 
Fig.  12  using  (3).  The  results  of  this  calculation  are  plotted  in  Fig.  13.  As  before,  Gss  is 
normalized  by  the  value  for  a  layer  crack  with  no  debonding  given  in  (4).  The  remarks  made 
above  with  respect  to  accuracy  in  the  vicinity  of  debond  initiation  apply  to  these  curves  as  well.  It 
can  be  seen  frcxn  Fig.  13  that  debonding  can  indeed  significantly  promote  tunneling  cracking  when 
the  nondimensional  friction  stress  is  less  than  about  (Ww)/Kc=l/2. 

6.  Accounting  for  Residual  Stress  in  the  Cracked  Layer 

The  role  of  an  uniform  residual  tension,  Oyy^OR,  pre-existing  in  the  layer  that 
subsequently  undergoes  tunnel  cracking  can  be  readily  taken  into  account  in  the  various  results 
presented  above.  For  the  purpose  of  discussion,  now  let  Oyy=OA  be  the  applied  stress,  replacing 
the  notation  for  o  in  the  earlier  sections.  The  results  in  Figs.  3-4, 7-9  and  1 1-13  apply  as  they 
stand  if  a  in  those  figures  is  identified  with  Oa-ktr.  The  results  for  stress  redistribution  shown  in 
Figs.5  and  10  can  also  be  used  with  the  following  nnodiflcations.  With  a  identified  with  ga-ktr, 
the  results  in  Figs.5  and  10  are  correct  for  the  change  in  Oyy  in  the  layer  ahead  of  the  tip  due  to 
cracking  if  the  numerical  value  of  the  ordinate  is  reduced  by  1.  To  obtain  the  total  stress  Oyy  in  the 
layer  in  question,  one  must  then  add  together  the  change  and  the  stress  Oyy  existing  in  the  layer 
prior  to  the  cracking  event 
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Appendix:  Numerical  Approaches 

Two  integral  equation  formulations  were  used  in  the  solution  of  the  problems  discussed. 
Both  methods  have  been  used  by  various  authors  to  solve  related  plane  strain  problems  and,  for 
this  reason,  details  of  the  methods  will  not  be  given.  In  some  cases,  results  were  generated  using 
both  schemes  as  a  check.  The  methods  used  for  the  problems  fc  e  closed  interface  cracks  at  die 
the  ends  of  the  finite  length  layer  crack  (see  Fig.  la)  will  be  discu  id  first 
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The  integral  equations  in  method  1  are  formed  representing  both  the  layer  cradc  and  the 
mode  2  interface  cracks  by  distributions  of  dislocations.  With  reference  to  Fig.  la,  let 
bo(x)s-d5y/dx  denote  the  amplitude  of  the  dislocation  tuning  distribution  extending  ftom  0  to  w 
along  ysO,  and  let  bs(y)«i*d5y/dy  denote  the  amplitude  of  the  dislocation  shearing  distribution 
along  xsw  extending  from  0  to  d.  The  condition  that  OyyaO  along  y«0  for  -woov  can  be  written 
as 


J*H,(x,x'  )bo(x*  )dx’  +j^H2(x,y)b,(y)dy  *  -o  (Al) 

where  Hi(x,x')  denotes  the  stress  Oyy(x)  altmg  y>0  due  to  boCx*).  with  due  regard  for  the 
symmetry  of  this  distribudon  with  respect  to  x^,  and  H2(x,y)  denotes  Oyy(x)  due  to  bs(y),  with 
the  appropriate  four-fold  symmetry  on  this  distribudon  imposed.  Similarly,  the  condidon  that 
Oxy~-t  along  x=w  between  0  and  d  (with  the  corresponding  shear  conditions  met  along  the  other 
three  legs  of  the  H-crack)  is 

)bo(x'  )dx'+J’^^H4(y,y’ )!),(/  ><5/=  -t  (A2) 

where  H3(y,x')  is  Oxy(y)  along  x=w  due  to  boCx*)  and  fUCy.y*)  is  Oxy(y)  due  to  bs(y'). 

Method  2  makes  use  of  the  solution  for  the  problem  of  four  symmetrically  placed 
dislocations  interacting  with  a  traction  free  crack  extending  along  the  x-axis  fimn  -w  to  w.  With 
H(y,y')  denoting  the  shear  stress  axy(y)  along  x^w  between  0  and  d  due  to  bs(y'),  with  due 
regard  for  the  other  three  symmetricaUy  placed  dislocations,  the  single  integral  equation  for  b^  is 

J^H(y,y')b5(y')dy'  =  -o;y(y)-t  (A3) 

where  o^y  (y)  is  shear  stress  along  x=w  due  to  the  remote  stress  acting  on  the  layer  crack  in  the 
absence  of  the  interface  cracks. 

The  kernels  of  the  integrals  above  have  Cauchy  singularities.  The  dislocation  distributions 
can  be  obtained  using  several  well  known  numerical  techniques.  Once  the  distributions  are  known 
in  either  method,  they  may  be  used  with  other  integral  expressions  to  compute  the  stress 
components  at  any  point  in  the  plane  and  the  mode  2  stress  intensity  factor  at  the  end  of  the 
interface  crack.  For  the  cases  in  which  K2  is  nonzero,  the  distribution  bs(y)  has  an  inverse  square 
root  singularity  at  y=d,  while  it  (timinishes  with  the  square  root  of  the  distance  from  y^d  for  the 
plastic  yielding  problems  with  K2=0.  The  solutions  are  not  overly  sensitive  to  having  a  precise 
incorporation  of  the  correct  behavior  of  the  dislocation  distributions  at  the  comer  point  at  x=w  on 
y=0.  A  number  of  choices  were  made,  including  representations  which  built-in  the  correct  lowest 
order  functional  behavior  near  this  point. 
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The  asymptotic  problem  for  the  semi-infinite  layer  crack  and  the  mode  2  interface  cracks 
(see  Fig.lb)  was  solved  using  method  2.  Now,  HCy.y*)  is  the  shear  stress  along  x^O  between  0 
and  d  due  to  just  two  symmetrically  placed  dislocations  rni  xaO  at  ±  mteracung  with  a  tracdon- 
fine  semi-infinite  crack,  and  o^y  (y)  is  die  shear  stress  on  x^O  due  to  the  K-field  in  the  alienee  of 

the  interface  cracks.  The  second  asynqitodc  jffoUem  discussed  in  connection  widi  Fig.  6  in  which 
the  interface  crack  opens  is  also  solved  using  method  2,  but  here  both  shear  dislocations  and 
opening  dislocations  must  be  used  and  die  problem  becomes  a  set  of  dual  integral  equations.  In  all 
the  cases  invdving  method  2,  the  kernel  functions  H  can  be  obtained  in  closed  form  using  cooq>lex 
variable  methods  of  elasticity. 
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Fig.l  Specification  die  plane  strain  problens.  a)  Hnite  layer  crack,  b)  Asymptotic  piobleni. 
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The  fracture  characteristics  of  an  AljOj/AI  composite  are 
examined.  Measurements  of  resistance  curves  and  work  of 
rupture  are  compared  with  predictions  of  a  mkromechani- 
ca!  model,  incorporating  the  effects  of  crack  bridging  by  the 
Al  reinibreements.  The  bridging  traction  law  is  assum^  to 
follow  linear  softening  behavior,  characterized  hy  a  peak 
stress,  and  a  critic^  stretch-to-failure,  u,.  The  values  of 
a,  and  u,  inferred  from  such  comparisons  are  found  to  be 
broadly  consistent  with  independent  measurements  of 
stretch-to-failure,  along  with  the  measured  flow  character¬ 
istics  of  the  Al  reinforcement.  The  importance  of  large-scale 
bridging  on  the  fracture  resistance  behavior  of  this  class  of 
composite  is  also  demonstrated  through  both  the  experi¬ 
ments  and  the  simulations. 

I.  Introduction 

The  toughening  of  ceramics  and  intermetallics  by  ductile 
reinforcements  has  been  comprehensively  studied.'  '*  and 
has  encompassed  the  range  of  materials  indicated  in  Table  i. 
Three  key  factors  regarding  such  toughening  have  emerged 
from  these  studies  as  being  in  need  of  clarification  and  further 
understanding:  (i)  the  partitioning  of  the  plastic  dissipation 
accompanying  crack  growth  between  bridging  metal  ligaments 
and  a  process  zone;  (ii)  control  of  interface  debonding  and  asso¬ 
ciated  relationships  with  the  dissipation  occurring  within  the 
bridging  ligaments;  (iii)  the  incidence  and  importance  of  large- 
scale  bridging  (LSB)'^  and  the  resulting  relationships  between 
resistance  curves,  basic  constituent  properties,  and  the  macro¬ 
scopic  load/deflection  response  of  the  composite.  This  article 
addresses  aspects  of  each  of  these  issues  through  experiments 
and  analysis  on  AUO,  toughened  with  an  Al/Mg  alloy. 

Experimental  evidence  presented  for  WC/Co'*  and  AkOyAI- 
has  indicated  that  both  bridging  and  nonlinear  process  zones 
can  accompany  crack  growth  and  contribute  to  the  crack  growth 
resistance.  Trends  in  these  two  contributions  with  microstruc¬ 
ture  are  predicted  to  be  very  different."  Consequently,  it  is 
important  to  understand  and  model  the  separate  contritnitions. 
Calculations  indicate  that  the  dissipation  is  dominated  by  the 
plastically  stretching  ligaments,”'  provided  that  the  crack  sur¬ 
face  tractions  induced  by  the  ligaments  are  relatively  small 
compared  with  the  flow  strength  of  the  composite  material 
within  the  process  zone.  The  explicit  requirement  for  liganrent 
dominance  is  given  by  the  inequality 

^3<t,  (I) 

where /is  the  volume  fraction  of  the  ductile  material,  o,,  is  the 
average  crack  surface  traction  generated  by  the  intact  metal  lig¬ 
aments,  and  (T,  is  a  measure  of  the  flow  strength  of  the  compos¬ 
ite.  For  AI^O/AI  alloy  composites  with  typical  values  of  metal 
coiKentration  (J  =  0.2),  scales  with  the  uniaxial  yield 
strength  of  the  alloy,”  no.  and  is  relatively  low  (~I00  MPa), 
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Table  I.  Ductile  Reinforcement  Toughened 
Ceramics  and  Intermetallics 
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Al 

5 

Co 

6-9 

TiAl 
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Nb 

11.  12 

NiAl 

Mo.  Cr 

l.t 

AIN 

Al 

14 

whereas  a,,  which  is  dominated  by  the  elasticity  of  the  matrix." 
is  considerably  larger  (>500  MPa).  Consequently.  Eq.  ( I )  pre¬ 
dicts  that  the  dissipation  should  occur  exclusively  in  the  bridg¬ 
ing  ligaments.  This  material  system  should  thus  provide  a  good 
experimental  test  of  the  crack  growth  predictions  based  on 
bridging. 

The  AljO/AI  interface  is  “strong,"'"  but  can  experience  duc¬ 
tile  debonding  in  constrained  regions.  It  should  thus  be  possible 
in  this  system  to  examine  the  influence  of  controlled  dehonding 
on  the  fracture  resistance.  Furthermore,  such  debonding  is 
expected  to  result  in  large-scale  bridging  Consequently,  this 
material  also  provides  an  experimental  nmdel  for  testing  and 
validating  the  LSB  analyses^-'  now  available  for  pr^ict- 
ing  effects  of  specimen  geometry  on  the  nominal  fracture 
resistance. 

When  fracture  resistance  is  dominated  by  plastically 
deforming  ligaments,  the  stress/stretch  function  associated  with 
these  ligaments.  ai,(u).  is  the  key  composite  property.  A  major 
objective  of  the  present  study  is  the  determination  of  tr^fu)  and 
its  rationalization  in  terms  of  the  properties  of  the  Al  alloy  rein¬ 
forcements,  as  well  as  the  interface  debonding.  In  general,  it 
has  been  found  that  a  linear  softening  traction  law  has  applica¬ 
bility  to  ductile  phase  toughened  materials,-'  governed  by 

=  0,(1  -  u/u,)  (2) 

where  u  is  the  crack  opening  displacement,  and  o,  and  u,  are 
constants  to  be  determined  either  by  experiment  or  bv  calcula¬ 
tion.  Furthermore,  o,  should  be  a  multiple  of  the  uni  t.-'l  yield 
strength  of  the  reinforcements  Og.  This  formulation  .n  led  to 
the  following  explicit  results  for  the  crack  growth  resistance 
under  small-scale  bridging  (SSB)  conditions:  (i)  a  steady-state 
toughness  ( r„)  given  by^' 

r„  =  r„(l  -/) -E  OA//2  (3) 

where  r,„  is  the  matrix  fracture  energy;  and  (ii)  a  resistance  prior 
to  steady-state  (Fr)  given  by^' 

rR(Au)« rji  -/)  -t-  o,/<,[i.6f  -  o.ie^  +  o.53f'']/4 

(4) 

where  (  =  Au/L,,  with  An  being  the  crack  extension  and  L,  the 
crack  growth  at  the  onset  of  steady-state, 

E,  =  O.37£tt,/o,  (5) 
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where  £  is  Young's  modulus  for  the  composite  However,  as 
alrearly  noted,  when  large-scale  bridging  iKcurs.  the  nominal 
resistance  may  deviate  substantially  from  the  SSB  predictions 
This  issue  will  be  a  major  fiKus  of  the  present  study 

il.  Materials 

Composites  used  in  this  investigation  were  fabricated  using 
the  method  developed  by  Lange  et  al  '  In  this  method,  the 
architecture  of  the  metal  is  determined  by  the  choice  of  a  pyro- 
lyzable  precursor.  The  precursor  la  poly  mer  liber  felt)  is  packed 
with  a  high-purity  alumina  (Sumitomo  AKP-.SO)  slurry  by  pres¬ 
sure  infiltration.  After  drying,  the  green  body  is  slowly  heated 
to  bum  out  the  precursor  and  then  sintered  at  IS.SfTC  for  30 
min,  leaving  an  interconnected  network  of  channels.  The  as- 
sintered  ALO,  structure  is  visible  on  the  channel  walls.  This 
sintering  schedule  prixiuces  a  fine-grained  (  -4  p.m)  ceramic 
preform,  with  a  relatively  density  (exclusive  of  the  chan¬ 

nels)  (Fig.  1(a)).  The  prefomi  is  then  infiltrated  with  molten 
AI/4  wt%  Mg  alloy,  by  squeeze  casting,  to  produce  the  compos¬ 
ite.  The  alloy  had  been  heated  to  780°C  and  squeeze  cast  at  a 
pres.sure  of  170  MPa.  The  composite  billets  were  typically  '-30 
mm  in  diameter  and  ~5  mm  thick.  Microstmctural  examina¬ 
tion  of  the  composite  revealed  a  relatively  uniform  network  of 
randomly  oriented  cylindrical  aluminum  fibers.  —19  p.m  in 
diameter.  The  metal  volume  fraction,  measured  by  quantitative 
metallography,  was/ =  0.28  (Fig.  1(b)) 

The  Al  channels  were  devoid  of  porosity  and  were  bonded  to 
the  ALO,  matrix.  The  ALO,  grain  boundaries  appeared  devoid 
of  grain  boundary  phases,  as  ascertained  in  the  transmission 
electron  microscope  (TEM)  using  dark  field,  through  focus  and 
the  EDS  X-ray  technique.  Bright-held  TEM  indicated  no 
detectable  segregation  and  no  interphase  formation  al  the  metal/ 
ceramic  interface.  The  aluminum  alloy  was  single  phase  with 
magnesium  in  solid  solution. 

III.  Measurements  and  Observations 

(I)  Mechanical  Testing  Procedures 

Mechanical  test  specimens  were  cut  from  the  composites, 
surface  ground  with  diamond-impregnated  wheels,  and  notches 
cut  using  thin  (150  p.m)  diamond  blades.  Polished  surfaces  for 
crack  length  measurements  were  prepared  using  standard 
metallographic  techniques.  Two  types  of  mechanical  tests  were 
performed  to  obtain  the  fracture  resistance  curves  and  the  work 
of  rupture.  Resistance  curve  measurements  were  made  upon 
polished,  notched  flexure  beams  (3.6  mm  x  3.6  mm  x  20 
mm),  in  accordance  with  ASTM  standards.’^  Specimens  were 


prepared  w  ah  notch  depths  of  0..^,  1  ().  and  1  .>  mni.  represent¬ 
ing  notch  depth  to  specimen  height  ratios,  a.  U.  off)  14.  0  28. 
and  0  42  Two  flexure  test  pnxedures  were  used:  1 1 )  in  situ 
inside  a  scanning  electron  microscope,  and  (2)  within  a  siifl 
scrvohydraulic  lest  frame  (MT.S  Model  810)  using  a  traveling 
optical  microscope  lo  measure  crack  lengths  Tests  were  ci>n- 
ducted  ai  a  displacement  rale  ot  0  2  pm  s. 

The  steady -state  fracture  properties  were  characterized  using 
wori-ot -rupture  tests.  '  '  This  test  involved  measurement  ol 
the  work  required  to  stably  propagate  a  crack  across  a  chevron- 
notched  flexure  specimen  To  ensure  stable  crack  propagation, 
the  specimen  width  was  twice  the  specimen  height  t 'double- 
width  specimens").  ' Furthermore,  a  .short  precrack  t  '  100 
pm)  was  introduced  at  the  notch  using  a  N  ickers  indentor  with 
a  load  of  2(X)  N  Corresponding  tests  were  conducted  on  fully 
den.se  ALO,  specimens,  to  allow  the  toughness  enhancement 
attributable  to  the  metal  reinforcements  to  be  evaluated. 

The  flow  properties  of  the  bulk  Al/Mg  alloy  were  measured 
from  dog-txine  tensile  specimens  machined  from  squeeze-cast 
ingots.  Hardness  measurements  were  also  made  with  a  nanoin- 
dentor  on  both  the  bulk  A|/Mg  alloy  and  the  reinforcements 
within  the  composite,  in  order  to  compare  their  flow  properties. 

(2)  Fracture  Observations 

In  situ  and  postfraclure  observations  conducted  in  the  SEM 
provided  insight  into  the  crack  growth  mechanism,  as  well  as 
the  plastic  stretching  of  the  Al  ligaments.  Observations  per¬ 
formed  in  situ,  shown  at  four  different  crack  openings  in  Fig.  2. 
confirm  the  existence  of  a  plastic  stretching  mechanism.  Inves¬ 
tigation  of  the  resultant  fracture  surfaces  by  SEM  revealed  pri¬ 
marily  transgranular  cleavage  of  the  ALO,  and  extensive  plastic 
deformation  of  the  Al.  The  strelch-lo-failure  of  —60  ligaments 
was  measured  using  stereo  measurements  on  SEM  micro¬ 
graphs.  The  Al  ligament  orientation  was  found  to  have  a  strong 
effect  on  both  the  debonding  behavior  and  the  plastic  stretch-to- 
failure.  Ligaments  aligned  perpendicular  to  the  crack  plane 
(Fig.  3)  exhibited  debonding,  on  the  order  of  the  fiber  diameter. 
2R.  and  a  large  plastic  stretch-to-failure:  uJR  »  3.5.  Inclined 
ligaments  partially  debonded  (around  that  segment  of  the  inter¬ 
face  experiencing  normal  tension.  Fig.  4(a))  and  failed  at  a  rela¬ 
tively  small  plastic  stretch.  Ligaments  parallel  to  the  crack 
plane  often  debonded  completely  and  experienced  negligible 
plastic  deformation  (Fig.  4(b)).  A  summary  of  plastic  stretch 
measurements  (Fig.  5)  indicates  a  mean  value,  u,IR  =  2.9, 
with  a  standard  deviation  of  ±0.9. 

Closer  examination  of  the  debonded  surfaces  provided 
insight  into  the  debond  mechanism  and  the  role  of  matrix 
microstructure.  The  ALO,  side  of  the  debonded  interface  (Fig. 
6(a))  reveals  the  presence  of  a  network  of  Al.  The  network  cell 
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Fig.  I.  (a)  Ceramic  preform,  prior  to  metal  infiltration,  (b)  Composite  microstructure,  after  metal  infiltration. 
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Plastic  Stretch,  U(,  ’  R 
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si/e  IS  similar  to  that  oi  the  matrix  strains  and  the  cell  centers  are 
frequently  situate  ,  riplc-grain  junctions  on  the  Al,().  sur¬ 
face  The  debonu  i  ctal  exhibited  a  correspinding,  distorted, 
dimpled  surface  '  :i;  blbl)  These  observations  indicate  that 
debonding  occurred  by  a  ductile  process  involving  void  nucle- 
ation  at  triple-grain  junctions  of  the  matrix  surface,  followed  by 
plastic  void  growth  and  coalescence  within  the  metal,  near  the 
interface  This  mechanism  ol  interfacial  fracture  is  consistent 
with  earlier  studies  which  indicate  that  the  ,Al.f),/AI  interface  is 
"strong.  "" 

The  effect  of  matrix  microstruclure  on  debonding  was 
explored  by  heat-treating  some  of  the  Al.(),  compacts  at 
IbiKI'C  for  .^0  h.  to  induce  substantial  gram  growth  m  some 
regions*  and  thus  reduce  the  number  of  triple-grain  junctions  at 
the  channel  surfaces  After  infiltration  and  fracture,  the 
debondmg  m  these  regions  was  found  to  he  negligible  (Fig.  7). 
whereas  the  ilebondmg  m  the  (Ine-gramed  region  was  essen¬ 
tially  the  same  as  that  m  the  original  tme-gramed  composite  (cf, 
F  ig  The  plastic  stretch  of  the  reinforcements  in  the  coarse¬ 
grained  region  was  correspondingly  lower.  ii  K  I 
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( .? )  Properties  of  .\l  A  Hoy 

Tensile  stress  strain  curves  lor  the  bulk  .\l  Mg  allov  iFig  Si 
indicated  a  yield  strength  of  70  MPa  aiul  an  ultimate  tensile 
strength  ol  -  ISO  MPa  The  reduction  in  area  was  approxi¬ 
mately  20*f  Nanoind I'lon  results  at  a  load  ol  .x  niN  indi¬ 
cated  similar  hariiness  levels  lor  the  bulk  aluminum  alloy 
il  l  0  1  GPai  and  tor  the  reinlorcemenis  m  the  composite 
I !  .'  e  0.2  Cil’ai.  The  relatively  large  values  ol  hardness  icom- 
pared  to  the  uniaxial  yield  strength)  relied  the  indentation 
si/e  effect  that  occurs  m  the  nanometer  range 

(•4)  hracture  Resistance 

The  resistance  curves  for  the  composite  (Fig  0)  have  three 
characteristic  features:  (i)  an  initial  fracture  resisiance.  Is .  } 

MPa-m'  similar  to  the  fracture  toughness  of  the  matrix,  i  ii )  an 
inlennediate  region  wherein  the  fracture  resistance  increases 
gradually,  and  liiil  a  linal  region  m  which  the  resistance 
increases  rapidly  T‘'  latter  region  commences  at  smaller  crack 
extensions  for  spe  is  w  ith  deeper  notches  Such  hehav  lor  is 
characteristic  of  la;.,  -scale  bridging  (l.SP) 

The  work  of  rupture  ol  the  composite  was  HJ,  =  400  r  ,x0 
J  m  and  that  ol  the  fully  dense  .Al  ()  w;is  =  2,x  •  .s 
J  m  .  The  toughness  enhancement.  attributed  to  the 

metal  reinforcements,  reexpressed  m  the  nondimensional 
form.' 

X  “  AVV|,  7o„/?  Ok/ I 

becomes 

X  =  2.0  ±  0..3  1 6/)) 

The  steady-state  fracture  resistance.  K...  of  the  composite 
can  then  be  calculated  using 

K.  ==  \  /•-'M'k  1 7 1 

where  E  is  the  composite  't'oung's  modulus.  Taking  E  =  .^00 
GPa.  Eq.  (7)  gives  the  result  K..  -  I  I  MPa  ni'  .  significantly 
less  than  the  nominal  I..SP  fracture  resistance  measured  at  large 
crack  extensions  iFig  0). 

IN'.  Modeling 
(I)  Bridging  Tri-etions 

The  traction  function.  <r4//).  for  the  ductile  ,AI  ligaments  was 
obtained  using  two  methods  In  the  (irst.  the  function  was 
assumed  to  obey  a  linear  soltenmg  law  iFiq  i2o  Selection  of 
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Fig.  7.  Fraeture  suriaee  nf  eumpusite  produeed  Irtim  larjje-craincd  Fig.  9.  Comparison  ol  measured  and  computed  traeture  resistance 

Al.O,  prelomi  Note  the  absence  ol  dehondins  and  Ihe  reduction  m  curves  lor  three  notch  depths.  </,,  « 
plastic  stretch 


Fig.  8.  True  stress  strain  curves  Irom  experimental  data  and  calcu¬ 
lated  usine  Ihe  Vikc'  law  " 


the  peak  stress  parameter,  tr, .  and  the  stretch-to-failure.  .  was 
based  on  the  tollowinu  procedure;  (i)  The  stretch-to-lailure  was 
made  U>  coincide  closely  with  the  SEM  measurements  («.  IR  = 
2).  (ii)  The  maximum  stress  was  then  selected  such  that  the 
computed  /?-curve  (described  in  Section  IV(2))  tor  one  ot  the 
specimen  geometries  was  in  good  agreement  with  the  experi¬ 
mental  data.  This  fn  spi-cilws  hath  and  u,  inEq.  l2).  (iii)The 
/f-curves  lor  the  other  geometries  were  computed  and  compared 
with  the  experiments.  As  an  additional  consistency  check,  the 
area  under  the  normalized  (rdr/)  curve  was  evaluated  and  com¬ 
pared  with  the  value  of  x  obtained  from  the  work-of-rupture 
tests  ( Eq .  ( b/r  I ) . 

In  the  second  method,  the  traction  function  was  computed 
using  a  geometric  necking  model'"  by  assuming  cylindrical 
bridging  ligaments  oriented  perpendicular  to  the  crack  plane 
(Appendix).  The  shape  of  the  ligaments  during  deformation 
was  taken  to  be  a  paraboloid  of  revolution,  with  the  nominal 
stress  computed  from  Bridgman's  solution'"  for  a  necking  bar. 
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Plastic  Stretch ,  u  /  R 

(a) 


Stretch  to  Failure,  Uc  /  R 


(b) 


Flf.  It.  (a)  Linear  softening  stress/stietch  lelationships  used  in  modeling  of  resistance  curves  and  predictions  of  the  geometric  necking  model  for 
various  debond  lengths,  (b)  Comparison  of  steady-state  toughness  enhancement  from  the  geometric  model  and  the  experimental  measurements. 


This  calculation  requires  a  flow  law  for  the  Al  ligaments  appli¬ 
cable  at  the  large  plastic  strains  that  occur  during  rupture.  The 
commonly  used  Rambcrg-Os^ond  law  typically  overestimates 
the  flow  stress  at  large  strains.  tKcause  hardening  is  limited  by 
the  development  of  a  stable  disUKation  cell  structure.  ''  Conse¬ 
quently,  a  more  appropriate  flow  law  at  large  strains  is" 

a  =  <r,(l  —  me"')  (8) 

where  a,  is  the  saturation  strength,  with  m  and  n  being  coeffi¬ 
cients  that  reflect  the  hardening.  A  fit  of  Eq.  (8)  to  the  date  from 
Fig.  8  gives  the  parameters  or,  =  300  MPa,  m  =  0.75,  and  n  = 
5.8.  The  stress/stretch  relationships  for  various  debond  lengths 
and  their  influence  on  the  toughness  enhancement,  predicted 
using  Eq.  (8)  in  tlie  geometric  necking  model  (Appeiidix),  are 
shovra  in  Fig.  10. 

(2)  Fracture  Resistance 

A  cohesive  crack  model  with  linear  softening  has  been  used 
(Eq.  (2))  and  solved  by  an  integral  equation  method.'"-'  The 
relevant  geometric  parameters  are  shown  in  Fig.  1 1 .  The  model 
considers  a  matrix  crack  of  length  a,  growing  from  a  notch  of 
length  Oo  in  a  flexure  specimen  of  width  w.  The  bridging  trac¬ 
tions  are  denoted  where  jt  is  the  distance  from  the  tensile 
face  of  the  beam.  The  applied  load  is  represented  by  the  stress. 
o.(jc),  that  would  exist  on  the  fracture  plane  in  the  absence  of 
die  crack,  represented  by 

trfx)  =  6A/(I  —  2xlw)lnrb  (9) 

where  b  is  the  specimen  depth  and  M  is  the  bending  moment. 
The  net  tractions  p(u)  acting  on  the  crack  face  are  assumed  to 
follow  a  linear  softening  law  of  the  form 

p(u)  =/bc(l  -  m/m,)  (10) 

Thereafter,  the  crack  opening  profile  can  be  related  to  the 
applied  load  by  an  integral  equation,'"-'  which  leads  to  an 
expression  for  the  stress  intensity  factor  at  the  crack  tip. 


r ~  /»(«(■»))]  (II) 
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where  H  is  a  weight  function  defined  in  Refs.  20  and  21 .  Using 
the  criterion  for  matrix  crack  propagation.  ==  Ka  (the  matrix 
toughness),  the  crack  growth  resistance  has  been  simulated  by 
solving  the  integral  equation  for  as  elaborated  below. 

(3)  Comparison  hetweenTheory  and  Experiment 

Initially,  the  experimentally  measured  resistance  curve  for  a 
notch  depth,  Oo/w  =  0.28,  was  compared  with  predictions  for  a 
range  of  ajoo-  Coincidence  was  obtained  for  a,/Oo  =  2.12 
(Fig.  9).  Furti.er  comparisons  for  other  notch  geometries 
(Oo/w  =  0. 14  and  0.42),  made  using  the  same  value  ofaja,^, 
indicate  good  agreement  over  the  entire  range  of  crack  exten¬ 
sion  (Fig.  9).  In  addition,  the  steady-state  toughness  enhance¬ 
ment  calculated  from  the  linear  softening  traction  law  (x  = 
2. 1 )  is  in  accord  with  the  value  measured  from  the  work-of-rup- 
ture  tests  (x  =  2.0  ±  0.3).  The  consistency  between  the  vari¬ 
ous  measurements  and  predictions  provides  confidence  in  the 
utility  of  the  linear  softening  traction  law,  as  well  as  the  key 
material  parameters,  o,  and  u,. 

A  discrepancy  that  arises  from  the  comparison  between  mea¬ 
surement  and  calculation  is  concerned  with  the  predictions  of 
the  geometric  necking  model.  The  model  predicts  a  peak  stress 
and  a  toughness  enhancement  consistently  higher  than  those 
found  by  experiment  for  debond  lengths  that  give  the  appro¬ 
priate  range  of  u^lR  (Fig.  10).  Notably,  the  pei^  stress  shmid 
not  be  lower  than  the  (unconstrained)  ultimate  tensile  strength 
of  the  Al  alloy  (o,  »  2.6<Ta).  Yet,  a  lower  value  of  the  peak 
stress  is  infen^  ftom  the  resistance  curves  (a,  «  2.  log).  The 
discrepancy  is  believed  to  be  attributable  to  the  random  orienta¬ 
tion  of  the  ligaments,  which  significantly  lowers  the  limit 
load."  This  effect,  in  turn,  reduces  the  steady-state  toughness 
enhancement  associated  with  the  metal  reinfa^ments. 

V.  CoBcfauioa 

The  close  comparison  between  theory  and  experiment 
revealed  by  the  present  study  has  several  implications.  The  pri¬ 
mary  mechanism  of  toughening  by  ductile  reinforcements  can 
now  be  confidently  attributed  to  plastic  dissipation  by  stretch¬ 
ing  between  the  crack  surfaces.  Consequently,  the  important 
microstructural  variables  can  be  defined  and  evaluated,  espe¬ 
cially  the  requirement  for  controlled  debtmding. 

The  importance  of  large-scale  bridging  in  metal/ceramic 
composites  has  been  vividly  demonstrated.  A  major  implica¬ 
tion  of  LSB  is  that  the  very  large  specimens  required  to  satisfy 
semi-infinite  specimen  geometry  assumptions  ate  imptactical 
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and  would  hinder  the  development  of  new  materials.  Further¬ 
more,  it  is  anticipated  that  applications  for  these  composites 
will  be  in  small,  complex  components,  for  which  the  fracture 
resistance  measured  from  semi-infinite  specimens  would  be  of 
little  use.  The  approach  outlined  here  demonstrates  a  practical 
alternative  wherein  determination  of  the  stress/stretch  relation¬ 
ship  of  the  ductile  reinforcements  from  tests  conducted  on 
small,  simple  specimens  combined  with  computer  modeling 
allows  the  prediction  of  fracture  resistance  behavior  of  finite¬ 
sized  components. 

Finally,  it  is  apparent  that  a  traction  law  applicable  to  com¬ 
posites  reinforced  with  randomly  oriented  metal  channels  can¬ 
not  be  simulated  using  simple  geometric  models  of  necking 
ligaments.  Experimental  evaluation  of  this  law  is  preferred. 

APPENDIX 

The  effect  of  debond  length  on  the  stress/stretch  relationship 
for  a  bridging  ligament  is  estimated  using  the  geometric  model 
described  by  Mataga.^  Here,  the  ligaments  are  taken  to  be 
cylindrical  in  shape  and  oriented  perpendicular  to  the  crack 
plane.  Debonding  is  assumed  to  occur  instantaneously  (at  u  = 
0),  such  that  the  debond  length,  d,  remains  fixed  during  stretch¬ 
ing.  The  profile  of  the  ligament  is  assumed  to  be  described  by  a 
paraboloid  of  revolution.  The  minimum  ligament  diameter.  2r. 
and  the  local  radius  of  a  curvature  are  then  evaluated  in  terms  of 
the  crack  opening  displacement  by  requiring  the  volume  of  the 
ligamerit  to  remain  constant.  This  leads  to  an  expression  for  the 
crack  opening  in  terms  of  the  current  ligament  geometry. 

ulR  =  2(dlR)[(\  -  4p/3  -I-  8p-’/l5)-'  -  I]  (A-l) 

where 

p  =  I  -  r//f  (A-2) 

The  nominal  stress  depends  on  the  current  load-bearing  area  of 
the  ligament  (as  manifest  in  the  parameter  p),  the  work  harden¬ 
ing  behavior  of  the  metal,  and  the  plastic  constraint  resulting 
from  the  ligament  profile.  Utilizing  Bridgman's  solution"'  for 
the  average  nominal  stress  in  a  necking  bar  leads  to  the  result 

a/<T„  =  (I  -  p-)[l  +  h-IR-p{\  -  p)] 

X  In  [1  -i-  p(l  -  p)/?V/r-]  (A-3) 

where  2h  is  the  current  “gauge  length"  of  the  ligament, 

2/i  =  2r/  -t-  M  (A-4) 

Combining  these  results  with  the  flow  law  for  the  Al  alloy  (Eq. 
(8)  in  the  text)  gives  the  o„(u)  predictions  plotted  in  Fig.  10(a). 
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The  current  interest  in  tough,  high*teinperature  nuiterials 
has  motivated  fiber  coating  devel^nient  for  brittie*matrix 
composites  with  brittle  reinforcements.  Such  coatings  are 
neetM  for  controlled  interface  debonding  and  fHctional 
sliding.  The  system  investigated  in  this  study  was  sapphire 
fiber-reinforc^  alumina.  This  system  is  thermochemkally 
stable  for  severe  use  conditions,  exhibits  little  thermal 
expansion  mismatch,  and  utilizes  the  excellent  strength  and 
creep  resistance  of  sapphire  reinforcements.  Porous  oxide 
and  refiractory  metal  coatings  which  satisfy  requirements 
for  toughness  improvement  in  these  composites  were  identi¬ 
fied  by  employing  a  variety  of  newly  developed  mechanical 
testing  techniques  fbr  determining  the  interfacial  fracture 
eneri^  and  sliding  resistances. 

1.  Introduction 

The  mechanical  requirements  for  fiber  coatings  in  brittle- 
matrix  composites  are  reflected  in  two  properties:'*’ 
debonding  and  sliding.  These  properties  are  manifest  as  an 
interface  debond  energy,  F, ,  and  a  stress  to  cause  sliding  along 
the  debonded  interface,  t.  A  prerequisite  for  good  composite 
strength  and  toughness  is  that  a  debond  criterion  be  satisfied, 
wherein  the  debond  energy  relative  to  the  fiber  fracture  energy, 
r„  satisfy  r,/r,  <  1/4.*  Control  of  sliding  is  needed  to  ensure  a 
notch-resistant  material,  such  that  t  <  100  MPa.  Larger  values 
result  in  high  stress  concentrations  on  fibers  around  notches  and 
lead  to  notch-sensitive  materials.’  Coatings  of  C  and  BN  meet 
these  criteria,  but  both  are  susceptible  to  oxidation.  Conse¬ 
quently,  when  SiC  fibers  are  used,  and  when  matrix  cracks  are 
present,  oxidation  embrittlement  is  encountered  because  the 
fiber  oxidizes  to  form  a  silicate  layer  that  violates  debonding 
requirements.*  Other  coatings  are  thus  desirable  for  high-tem¬ 
perature  applications.  The  present  study  examines  some  alter¬ 
native  fiber  coating  concepts,  with  emphasis  on  coatings  for 
oxide  fibers,  such  as  sapf^ire,  which  are  not  subject  to  the 
above  oxidation  problem. 

Debonding  of  sapphire  fibers*  requires  coatings  with  a 
debond  energy  F,  ^  5  J-m*’.  Few  high-temperature  materials 
have  intrinsic  fracture  energies  small  enough  to  satisfy  such  a 
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requirement.  Potential  options  are  oriented  micas.*'  some 
amorphous  oxides,*  and  fogitive  coatings  which  are  removed 
after  composite  consolidation."’  However,  the  amorphous  coat¬ 
ings  have  limitations  governed  by  viscous  flow  at  elevated  tem¬ 
peratures.  plus  reaction  with  Al.,0,.  Two  alternative  concepts 
are  explored  in  this  article:  (i)  porous  oxide  coatings  and  (ii) 
coatings  that  form  “weak”  interfaces  with  ALO,.  The  first  con¬ 
cept  recognizes  that  porosity  generally  decreases  the  fracture 
energy  of  brittle  materials,  such  as  oxi^s."  Consequently,  cer¬ 
tain  porous  oxide  coatings  may  be  able  to  satisfy  detx^ing 
requirements  for  sapphire  fibers,  by  allowing  debonding  within 
the  coating  itself.  The  second  concept  is  based  on  the  expecta¬ 
tion  that  certain  nonoxide  coatings  may  allow  interface  debond¬ 
ing  f  While  most  such  interfaces  have  relatively  high  fracture 
energies  (F,  >  10  J-m*’),’ ” ”  larger  than  that  required  for  the 
debonding  of  sapphire  fibers,  preliminary  evidence  has  sug¬ 
gested  that  certain  refractory  metals  provide  suitably  low 
values.’ 

An  effective  coating  should  have  the  attribute  that  it  does  not 
degrade  the  strength  of  the  fibers.  Consequently,  coatings  that 
either  react  with  or  dissolve  the  fibers  are  usually  unacceptable. 
This  thermochemical  requirement  further  limits  the  potential 
set  of  coating  materials.  Various  refractory  materials  that 
exhibit  known  thermochemical  compatibility  with  A^O]  at 
1S00°C  have  been  evaluated  (Table  I),  plus  C,  YJO,,  a^  the 
refractory  metals.  Mo,  W,  Cr,  and  Zr.  The  latter  are  still  suscep¬ 
tible  to  oxidation,  but  in  conjunction  with  oxide  fibers,  it  is 
hoped  that  the  composite  system  would  have  good  durability  in 
oxidizing  atmospheres,  superior  to  either  C  or  BN  coatings  on 
SiC  fibers. 

II.  Approach 

The  overall  approach  used  to  identify  viable  fiber  coating 
concepts  is  illustrated  in  Fig.  1 .  Planar  geometries  readily  ame¬ 
nable  to  processing  and  testing  are  used  to  screen  candidate 
coating  materials.  The  associated  test  |Hocedures  include  a 
Hertzian  indentation  technique'*  and  a  mixed-mode  flexure 
test”  (Figs.  1(a)  and  (b)).  For  coatings  that  exhibit  debonding. 


'This  concept  is  being  explored  at  Coming  Incorporated,  by  K .  Chyung. 
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the  fracture  energy.  F,,  may  also  be  determined  from  these 
tests.  The  subset  of  coating  materials  that  satisfy  fiber  debond¬ 
ing  requirements  is  then  used  to  address  composite  perfor¬ 
mance.  For  this  purpose,  sapphire  fibers  are  coated  and 
incorporated  into  a  brittle  matrix.  Beam  specimens  are  cut  from 
the  consolidated  plate  (Fig.  1(c)).  with  the  fibers  oriented  along 
the  beam  axis.  Tensile  and/or  flexural  tests  are  then  used  to 
assess  the  interaction  of  a  crack  with  the  coated  fibers  and  to 
obtain  information  about  the  sliding  stress,  t.  The  magnitude  of 
T  is  a.scertained  from  a  measurement  of  the  crack  opening  dis¬ 
placement  as  a  function  of  the  applied  load.'"  Such  tests  also 
permit  measurement  of  the  fiber  pull-out  length,  h.  and  the  fiber 
fracture  mirror  radii. The  latter  yield  a  direct  estimate  of  the 
in  situ  strengths  of  fibers.  5.''"  The  magnitudes  of  S  and  h.  in 
turn,  give  another  estimate  of  t.  and  thus  provide  a  useful  con¬ 
sistency  check.  In  addition,  t  can  be  obtained  from  fiber  push- 
through  tests  (Fig.  1(d)). In  the  present  study,  a  combina¬ 
tion  of  the  above  tests  is  used  to  assess  coating  concepts  for  sap¬ 
phire  fibers  in  polycrystalline  AUO,. 

III.  Experimental  Procedure 
(I)  Processing 

The  coatings  were  deposited  either  by  evaporation,  sput¬ 
tering,  chemical  vapor  deposition,  or  sol-gel  methods.  For  the 
plarutr  geometry,  coatings  were  deposited  on  two  surfaces, 
each  representing  either  the  fiber  or  matrix  component  of  the 
composite.  Bonding  was  then  conducted  by  hot  pressing  at 
homologous  temperatures  (for  the  coating  material)  in  the  range 
0.4  <  TIT„  <  0.7.  Consequently,  the  system  experienced  a 
thermal  cycle  analogous  to  that  expected  for  composite  pro¬ 
cessing.  Specimens  containing  fibers  were  produced  by  sputter 
or  evaporation  coating  sapphire  fibers  and  incorporating  them 
into  powder  matrices,  using  hot  pressing  to  achieve 
consolidation. 

(A)  Coating  Deposition:  Oxide  "sol-gel"  coatings  were 
produced  from  liquid  precursor  materials.  A  spin  coating  appa¬ 
ratus  was  used  to  deposit  the  coatings  onto  the  planar  substrates 
used  for  diffusion  tending.  The  coated  substrates  were  then 
heat-treated  in  air  to  temperatures  suitable  for  pyrolysis  of  the 
precursor,  typically  below  1(X)0°C.  During  pyrolysis,  the  film 
is  converted  to  an  oxide.  Subsequent  iterations  were  used  to 
increase  the  thickness  of  the  coating. 

Sputtered  coatings  were  deposited  onto  sapphire  disks  and 
fibers  (Saphikon  single-crystal  sapphire  fibers)  in  an  rf  diode 
sputtering  unit.  The  sputtering  targets  used  in  most  cases  were 
high  purity  (^99.9%):  only  the  W  target  had  a  lower  purity 
(~99.5%).  Oxide  coatings  were  deposited  by  reactive  sput¬ 
tering  using  a  S0%-S0%  mixture  of  research-grade  argon  and 
oxygen  at  a  total  working  gas  pressure  of  6  mtorr.  The  interme- 
tallic  compounds  were  produced  from  dual  opposed  targets  of 
the  pure  elements.  Both  the  refractory  metal  and  intermetallic 
coatings  were  deposited  in  an  atmosphere  comprised  of 
research-grade  argon  at  6  mtorr  working  gas  pressure.  The  top 
and  bottom  target  voltages  were  maintained  at  3  and  O.S  kV, 
respectively.  Fibers  were  rotated  during  coating  at  ~  1  ipm. 

Submicrometer-thick  Mo  coatings  were  deposited  onto  sap¬ 
phire  fibers  using  an  electron  beam  evaporator  and  a  high- 
purity  target.  A  glow  discharge  cleaning  procedure  was  used 
prior  to  coating  the  fibers.  Deposition  was  carried  out  at  rela¬ 
tively  high  vacuum  (<  10  "  torr),  with  the  libers  rotated  at  ~  10 
rpm. 

The  carbon  coatings  were  produced  by  a  low-pressure  chem¬ 
ical  vapor  deposition  technique  in  which  methane  was  mixed 
with  research-grade  argon  carrier  gas  in  a  tube  furnace.  Flow 
rates  of  10  cmVmin,  for  the  methane,  and  100  cmVmin,  for  the 
argon,  were  used.  Throughout  deposition,  the  furnace  tempera¬ 
ture  was  maintained  at  1200°  to  I300°C. 

(B)  Bonding  and  Consolidation:  For  experiments  to  be 
conducted  with  planar  configurations,  three  different  Al,0, 
materials  were  used:  (i)  (0001 )  sapphire;  (ii)  a  high-purity  poly¬ 


crystalline  matenal;  and  (lii)  a  low -purity  material  (Coors 
AD-995  and  CiKirs  AD-%  substrates,  respectively  I.  The  test 
specimens  were  produced  by  diffusion  bonding,  using  a  prive- 
dure  described  elsewhere  Bonding  at  TT„,  =  0.5  allowed 
coalings  to  be  produced  w  iih  relative  densiiv  levels  in  the  range 
0.65  to  I 

Tests  on  coated  sapphire  fibers  were  conducted  after  incorpo¬ 
rating  into  a  high-purity  l99.9‘r )  polycry staliine  Al-O.  matrix 
For  this  purpose,  submicrometer  AI  .O,  ptiwder  t  AKP-5()  w  ith  a 
panicle  size  of  —0.2  jim  obtained  from  Sumitomo  Chemical 
Co. .  Ltd. )  was  isoslatically  cold-pressed  into  two  thin  disks  -  5 
cm  in  diameter.  These  disks  were  then  sintered  in  air  at  1 5()0°C 
for  2  h.  A  row  of  coated  fibers  and  lixvse  powder  were  placed 
between  the  disks,  the  assembly  inserted  between  dies  and  vac¬ 
uum  hot-pressed  at  I500°C  for  2  h  subject  to  an  axial  pressure 
of  —2  MPa.  These  consolidation  conditions  resulted  in  an 
es.senlially  fully  dense  matrix. 

(2)  Testing  and  Analysis 

(A)  Mechanical  Behavior:  The  Henzian  indentation  and 
mixed-mode  flexure  testing  procedures  used  with  planar  speci¬ 
mens  have  been  described  elsewhere.'^'"  The  flexural  tests 
required  precracking.  This  step  was  conducted  in  three-point 
flexure,  using  a  row  of  Knoop  indentations  along  the  tensile 
surface  to  control  the  crack  pop-in  load  and.  hence,  the  extent 
of  the  precrack  along  the  interface. 

The  tests  used  with  the  specimens  containing  fibers  have 
been  performed  using  a  combination  of  fiber  push-out  and  pull¬ 
out  techniques.  The  fiber  push-out  technique  has  been 
described  previously.^’  The  fiber  pull-out  tests  required  that 
chevron  notches  be  machined  into  beams  containing  single 
fibers  (Fig.  1(c)).  This  notch  geometry  ensured  stable  crack 
growth  through  the  beam  upon  flexural  loading.  The  crack  was 
grown  until  the  crack  front  passed  below  the  liber.  This 
occurred  with  a  small  crack  opening,  which  induced  some  fiber 
detending  and  sliding.  After  precracking,  the  beam  was  sup¬ 
ported  and  the  remaining  matrix  ligament  mechanically 
removed.  This  procedure  created  a  specimen  consisting  of  two 
blocks  of  matrix  material  bridged  by  a  single  fiber,  amenable  to 
tensile  testing.  Tests  were  conducted  in  situ  in  a  Hitachi  2100 
scanning  electron  microscope  (SEM)  to  permit  measurement  of 
the  crack  opening  displacement  and  the  corresponding  tensile 
loads.  These  measurements  may  be  used  to  evaluate  the  sliding 
resistance,  t.'" 

(B)  Analytical  Techniques:  Specimens  for  scanning  elec¬ 
tron  microscopy  were  prepared  using  standard  metallographic 
techniques.  Carbon-coated  samples  were  examined  in  a  JEOL 
SM  840  SEM  in  secondary  mode.  The  microscope  was 
equipped  with  a  Tracor  Northern  TN  5500  system.  Samples  for 
transmission  electron  microscopy  (TEM)  were  prepared  by 
grinding  wafers  to  a  final  thickness  of  approximately  100  p.m 
before  cutting  3-mm-diameter  specimens.  These  were  subse¬ 
quently  dimple-ground  and  ion  milled  to  electron  transparency 
with  Ar  at  5  kV  and  I  mA  at  14°  incidence  angle.  The  samples 
were  examined  at  200  kV  in  a  JECX.  2000FX  TEM  quipped 
with  a  LINK  eXL  high  take-off  angle  energy  dispersive  spec¬ 
troscopy  system.  Computer  simulations  and  indexing  of 
selected  area  diffraction  (SAD)  patterns  were  facilitated  by  the 
Diffract  software  package  (Microdev  Software,  Hillsboro,  OR 
97124). 

IV.  Coating  Characterization 

(I)  Oxides 

For  the  oxide  coatings,  a  range  of  porosities  was  generated, 
as  illustrated  in  Fig.  2.  At  the  equivalent  bonding  cycle,  the 
thinner,  sol-gel  coatings  had  lower  intercoating  porosity  than 
the  sputtered  coatings,  whereas  the  porosity  at  the  interface  was 
similar  for  both.  In  all  cases,  the  grain  size  was  about  equal  to 
the  coating  thickness.  The  most  notable  features  found  by  TEM 
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Fig.  1.  Approach  adopted  to  identify  viable  fiber  coating  concepts  for  brittle-matrix  composites,  consisting  of  developing  testing  procedures  to 
evaluate  the  ^bonding  and  sliding  propensities  of  various  coatings  on  sapphire. 


were  bend  contours  in  the  sapphire  caused  by  residual  strains*' 
(Fig.  3).  For  unstabilized  ZiO.  coatings,  extensive  straining  in 
the  sapphire  was  apparent,  as  well  as  microcracks  within  the 
coating  (Fig.  3(A)).  This  effect  diminished  with  decreasing 
coating  thickness  (Fig.  3(B)).  Selected  area  diffraction  indi¬ 
cated  that  the  ZtO;  was  monoclinic  and  the  strains  are  attributed 
to  the  tetragonal-to-monoclinic  phase  transformation.  For  ZiO; 
coatings  partially  stabilized  with  3  mol%  Y2O3,  the  tetragonal 
phaK  was  retained  and  the  intensity  of  the  strain  contours 
diminished  (Fig.  3(C)).  However,  some  residual  strain  per¬ 
sisted,  attributed  to  the  thermal  expansion  mismatch  between 


Z1O3  and  Al}0,.  Such  strains  appear  to  be  an  inherent  problem 
with  oxide  coatings,  potentially  leading  to  fiber  strength  degra¬ 
dation  (Appendix). 

(2)  Refractory  MeUds 

For  the  refractory  metal  coatings,  thin  foil  cross  sections  for 
TEM  were  difficult  to  produce,  because  of  debonding.  How¬ 
ever,  for  Mo,  results  have  been  obtained  in  two  cases:  (a)  a  thin 
(0.7  pim)  evaporated  coating  with  the  high-purity  AKO,  matrix 
and  (b)  a  thicker  (>3  p.m)  sputtered  coating  with  the  lower- 
purity  AKO,  matrix.  For  the  former,  the  coating  appeared  to 
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KiR.  2.  /r< )  ciulin^  sjpphiro  inliTl.ut.'v  pr(idui.i.-iJ  h\  ihc  li'liowmi;  dilliiMi>n  hoiidiiiL' 'x.hcJiilc'  iXimiI  l'i.1  in.iiinj  dilliiMi'ii  tviiidi.\l  jI  I  MNiCinr 

I  ’  h  with  an  applied  Iliad  o1  1  MI'a.  i  Bi  sputtered  euatine  dillusum  htuukd  at  1 'IMI  C  Im  1 2  h  u  itli  an  applied  Kiad  ol  I  Ml’a.  i( ' i  sputtered  vuai 
me  diMusiuii  hiuided  at  I  hKl  C  tor  4h  h  with  an  applied  load  ul  s  M(*a 


have  sonic  discoiitinuiiN  (f  it;  4i  Aii,  hut  olherw isc  surv ived  the 
eonsolaUuiotv  These  vliseontitiunies.  which  are  iniluced  hv  elit 
Itision.  are  tvpieal  lor  ihiii.  polycrvsialline  lilnis  '  {T)S  aiialv- 
sis  was  unable  to  delect  either  Mo  in  the  AI  O  or  Al  in  the  Mo 
Kir  the  latter,  a  relatively  thick  (  .'(Ml  ntiii  dense  polycrvstal- 

line  Mti().  phase  was  found  at  the  sapphire  interlace  (Kig 
4iB))  In  addition,  an  atnorphous  silicate  phase  was  observed  al 
the  Mo().  Mo  interlace  that  presumably  resulted  from  viscous 
flow  olThe  silicate  Iroin  the  polycrystalline  .AIO,  into  porosity 
at  this  interface. 

The  Mo  coalings  were  also  investigated  by  SHM.  utter 
dehuiutiiiK  Kor  sputtered  coatings,  oxide  particles  (identified 
as  MoO.)  were  found  to  be  attached  to  the  sapphire  in  regions 
where  dehonding  iKcurred  between  the  Mo  and  sapphire.  X-ray 
diffraction  of  the  debond  surface  confirmed  the  presence  of 
MoO-  on  the  sapphire.  Shallow  ridges  were  also  apparent  on 
the  sapphire  side  of  the  debond  surface,  having  spacings  com¬ 
parable  to  the  grain  st/e  in  the  metal  (Fig.  .“it  All.  These  ridges 
are  believed  to  form  al  grain  boundaries,  by  diffusion  dunng  the 
bonding  process,  as  equilibrium  dihedral  angles  are  estab¬ 
lished.  Small  impressions  were  evident  on  the  Mo  side  of  the 
debonded  surface  between  Mo  and  the  hi^her-puritx  Ald>. 
(Fig.  b).  having  dimensions  which  coincide  with  the  Al-O, 
grain  si/.e.  These  are  believed  to  have  formed  by  deformation  of 
the  Mo  during  diffusion  bonding. 


The  sputtered  C'r  coatings  exhibited  similar  features  A  thin 
|solycrysialline  chromium  oxide  i  20(1  nm  thick)  was  attached 
to  the  sapphire  (Fig  7).  w  ith  the  remainder  ol  the  coaling  being 
Cr  .-Xnalysis  by  FT)S  indicated  no  C'r  in  the  ,AI  (),  and  only  trace 
amounts  of  Al  in  the  chromium  oxide  Selected  area  diffraction 
patterns  established  that  the  chromium  oxide  was  (T-O,.  and 
significant  porosity  existed  al  the  metal  oxide  interlace 
Debonding  was  evident,  occurring  between  the  metal  and  its 
oxide  layer 

The  sputtered  XS  coatings  on  sapphire  exhibited  pronounced 
ridges  on  the  sapphire  side  of  the  debond  surlace  (Fig  .s(Bm 
These  have  been  associated  with  Fe-  and  C'r  rich  grain  bound¬ 
ary  impurity  phases,  originating  in  the  sputtering  target.  The 
resulting  degradation  ol  ihe  sapphire,  evident  in  Fig.  .‘'iBi. 
illustrates  the  importance  of  selecting  chemically  stable  coal¬ 
ings.  Similar  features  were  observed  at  C'  ,AI  ()  interfaces  dif¬ 
fusion  bonded  al  high  temperatures  (  ■  14(10  C'l  under  high 
vacuum  (  •  10  '  tom  For  this  system,  the  ridges  are  attributed 
to  the  formation  of  an  .AI,C'  reaction  product. 

-Studies  of  the  us-sputtered  Mo  and  C'r  lilms.  using  WDS  and 
X-ray  diffraction,  revealed  an  oxide  surface  layer.  In  addition, 
there  was  an  oxide  layer  adiaceni  to  the  sapphire,  identified  by 
peeling  the  coaling  from  the  substrate  These  findings  indicate 


Hr.  .V  I  A)  f-.xlcnsivc  bend  contours  in  the  sapphire  when  unstuhili/ed  ZK)  sputtered  coalings  were  used  ll  is  believed  that  Ihe  contours  result 
from  strain  in  Ihe  tiber  due  to  the  r-  •  phase  Iranslorriialion  iKi  The  bend  contours  in  Ihe  sapphire  decrease  with  coating  thickness  for  ihe 

unslabili/ed  sol-gel  V.ti)  coating  (C)  The  extent  ot  bend  contours  was  further  reduced  when  thin  siahili/ed  sol-gel  Z.r<)  coalings  were  used  The 
remaining  stresses  are  believed  to  result  from  C'TF  mismatch  across  Ihe  well  bonded  interlace 
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Fig.  4.  ( A)  THM  miLTo^raph  shnuinj:  ihc  discimlinuous  \uhmii.riinicler  Mo  nialiny  on  u  \upphiri;  liber  in  ihe  hieh-punly  AI.C),  malriv  (B(  TEM 

micrographN  ol  a  diHusion  bonded  Mo  sapphire  inlertaee  with  ihe  limer  puriiy  Al  ()  A  eonlinuous  MoO  phase  oeeurs  adiaeeni  lo  (he  sapphire  and 
an  amorphous  silicate  phase  exists  within  the  interlaeial  pores  between  Mo  and  the  MoO  phase 


that  the  oxide  phase  is  initially  deposited  on  the  sapphire  sub¬ 
strate  during  sputtering  and  that  a  surface  oxide  forms  subse¬ 
quent  to  deposition,  prior  to  diffusion  bonding. 

V.  Mechanical  Measurements 
Debonding 

Preliminary  experiments  conducted  on  planar  specimens 
with  a  spherical  indenter  provided  information  about  the  inci¬ 
dence  of  debonding  at  a  .30'’  crack  inclinatitin  to  the  interface. 
From  such  experiments,  it  was  established  that  most  diffusion- 
bonded  ctiatings  formed  high  fracture  energy  interfaces.  Only 
Ihe  coatings  consisting  of  Mo.  Nk',  Cr.  Zr.  and  C  debonded  con¬ 
sistently.  Coatings  of  Zrt).  and  Y  .AhO, ,  were  found  lo  exhibit 
variable  debonding  tendencies.  Coalings  of  Nb,  y-TiAI.  and 
NiAl  did  not  debond.  Furthermore,  from  the  list  of  promising 
coating  materials,  several  were  observed  lo  chemically  react 
with  the  sapphire  during  diffusion  bonding.  The  only  coating 
materials  from  this  .set  which  were  found  to  be  chemU  ally  sta¬ 
ble  with  sapphire  above  l.lOfTC  and  to  reliably  debonJ  were 


■  formed  hv  whcmicjl  rcjcdon  dunne  h^mdmji  vmh  Y  ().  c«futinc> 


Mo.  Cr.  pon>us  ZrO..  and  porous  AI.O,.  Further  studies  were 
conhned  to  these  materials.  The  refractory  metals  would  obvi¬ 
ously  oxidize  during  service.  The  effects  of  oxide  formation  on 
coaling  performance  would  need  to  be  further  studied.  In  al 
least  one  instance,  for  Mo.  coating  oxidation  can  be  beneficial, 
as  discussed  in  Section  V(2). 

The  debi^nding  propensity  of  the  refractory  metal  coatings 
was  observed  lo  vary  with  the  purity  of  the  AbO,.  When  cither 
sapphire  or  sapphire  plus  high-purin  polycryslallinc  AI.O.  was 
used,  debonding  iKcurred  consistently  with  P,  =  4  J  m  ’  for 
Mo  and  2-3  J  m  '  for  Cr.  Furthermore,  as  already  noted,  the 
debonding  iKCurred  at  the  interfaces  between  either  Mo/Al.O, 
or  Mo/MoO;  and  Cr/Cr.O..  Conversely,  when  the  impure  AbO, 
was  used,  debonding  was  not  observed  in  the  Hertzian  indenta¬ 
tion  test,  implying  a  lower  bound  for  I',  of  ~I6  J  m  This 
behavior  is  attributed  to  the  silicate  phase  found  at  the 
Mo/MoO.  interface,  which  seemingly  forms  a  strong  bond" 
and  increases  P,  for  that  interface.  In  addition,  as  already  noted. 
MoO.  appears  to  bond  well  with  sapphire. 


‘This  lower  hound  is  I'.  =  OKI',,  correspondinj!  u*  a  crack  inicriacc  inclination 
of  .W".  with  I',  ^  30  J  m 


Fig.  5.  (Al  Shallow  ridges  obxcrved  on  the  sapphire  surface  of  a  Mo/sapphirc  diffusion  couple  upon  debonding.  (B)  Pronounced  ridges  on  the 
debonded  sapphire  surface  when  an  impure  W  coating  was  used.  The  grain  boundary  impurity  phase  is  composed  of  Fe  and  Cr. 
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Fig.  h.  Mo  coaling  conforming  to  the  surface  features  of  a  high- 
purity  polycrysialline  AI.O,  substrate  during  diffusion  bonding. 


The  results  Ibr  the  oxide  coatings  were  found  to  be  sensitive 
to  the  coating  porosity.  The  dense  coatings,  which  have  a  rela¬ 
tively  high  interfacial  fracture  energy,  debond  along  the  inter¬ 
face.  But  debonding  only  occurred  when  the  crack  approached 
the  interface  at  a  shallow  inclination.  Conversely,  the  coatings 
having  the  lowest  relative  density  (p  0.65),  exhibited  a  rela¬ 
tively  low  interfacial  fracture  energy.  F,  =  5  J  m‘%  and 
debonded  within  the  coaling,  at  all  crack  inclinations.  Such 
debonds  exhibit  fracture  surface  features  typical  of  those  for 
porous  ceramics."  These  debonding  tendencies  are  rationalized 
by  using  the  coating  density,  p,  as  a  plotting  variable  against  the 
ratio  of  the  intetfacial  fracture  energy  to  sapi^ire  fracture 
energy  Fj/FrfFig.  8(A)). 

The  debonding  results  obtained  for  all  of  the  above  coatings 
can  be  displayed  on  a  debond  diagram,  relevant  to  sapphire 
fiber-reinibrced  brinle-matrix  composites  (Fig.  8(B)). 


Fig.  7.  Cr/sapphire  diffusion  bond  containing  a  Cr.O,  phase  adjacent 
to  the  interface. 


Relative  Density,  p 

(A) 


(B) 

Fig.  8.  (A)  The  relative  density  of  oxide  coatings  plotted  as  a  func¬ 
tion  of  F/T,  clarifies  the  role  of  coating  porosity  in  the  debonding  pro¬ 
cess.  (B)  A  summary  of  the  intetfacial  fracture  energy  measurements 
for  various  coatings  on  sapphire  is  presented  on  a  “debond  map.”  Coat¬ 
ings  which  fall  within  the  fiber  debonding  regime  of  the  map  have  some 
potential  for  sapphire  fibers.  However,  coatings  denoted  by  -k  were 
found  to  chemictdiy  react  with  sapphire;  these  were  precluded  from  fur¬ 
ther  consideration. 


(2)  SUeBiig  Resisumce 

fot  porous  oxide  coatings  on  sapphire  fibers  in  a  polycrystal¬ 
line  AI2O,  matrix,  single-fiber  tests  revealed  small  fiber  pull-out 
(Fig.  9^  bebonding  resulted  in  a  monolayer  of  the  oxide  parti¬ 
cles  attached  to  the  fiber  that  remained  throughout  the  sliding 
process  (Fig.  9).  These  particles  are  believed  to  act  as  asperities 
that  resist  sliding,  resulting  in  a  relatively  large  sliding  stress,  t. 
This  stress  was  estimated  from  the  pull-out  length  ar^  the  ffac- 
ture'*"'*  mirror  radius  to  be  ~I40  MPa  (Table  II).  A  similar 
value  was  obtained  from  fiber  push-out  measurements.  This 
value  of  T  is  larger  than  that  required  for  optimum  composite 
strength  and  toughness. 

The  refractory  meui  coatings  debond  readily  during  single¬ 
fiber  pull-out  tests,  but  the  coating  is  plastically  defrimi^.  'ftis 
deformation  occurs  because  the  coating  confrvms  to  both  the 
matrix  and  the  fiber  during  consolidation  and  results  in  prohibi¬ 
tively  high  sliding  resistances,  such  that  little  fiber  pull-out 
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Fig.  9.  A  porous  oxide  iniertace  led  lo  hher  pull-oul  ot  a  I'cu  liber 
diameters.  Oxide  particles  were  observed  lo  sinter  to  the  sapphire  tiber 
and  remained  attached  during  pull-out.  The  fracture  mirror  on  the  liber 
is  also  visible 


occurs  (Fig.  10).  Similar  behavior  is  found  during  push-out 
tests  (Fig.  1 1(A)).  which  also  indicate  a  high  sliding  resistance. 
T  ==  120  MPa  (Fig.  13). 

A  reduction  in  the  sliding  resistance  for  Mo-coat'  d  libers  has 
been  achieved  by  removing  the  coaling,  after  eompsisite  consol¬ 
idation.  to  leave  a  gap  between  the  fiber  and  ihe  matrix.  This 
has  been  accomplished  by  heating  the  composite  in  air' 
(10()0°C  for  2  h).  The  surface  roughness  of  the  fiber  and  the 
matrix  then  provide  the  sliding  resistance.  For  coatings  some¬ 
what  thicker  than  the  asperity  amplitude  on  the  fiber  (~  1  |im). 
the  sliding  resistance  obtained  from  crack  opening  displace¬ 
ment  measurements  in  single-fiber  pull-out  tests  is  found  to  be 
small  (t  <  1  MPa),  with  large  as.sociated  pull-out  lengths  (Fig. 
12).  This  sliding  resistance  is  too  low  for  the  requisite  combina¬ 
tion  of  strength  and  toughness  in  the  composite.  For  thinner 
(~0.7  fjim)  coatings,  push-out  tests  indicate  a  sliding  resistance 
within  the  requisite  range,  t  =  20  MPa  (Fig.  13).  with  no  evi¬ 
dence  of  wear  mechanisms  on  the  fiber  surface  (Fig.  1 1(B)). 

VI.  Concluding  Remarks 

The  debonding  and  sliding  properties  of  various  coating 
materials  on  sapphire  fibers  have  been  evaluated.  In  general, 
most  materials  bonded  well  to  sapphire.  The  notable  exceptions 
were  certain  refractory  metals  (such  as  Mo,  Cr.  and  W)  which 
formed  low  fracture  energy  interfaces  with  sapphire.  Several 
factors  may  be  responsible  for  the  low  debond  energies:  poros¬ 
ity  at  the  interfaces,  oxygen  dissolved  in  the  metal  (that  sup¬ 
presses  plastic  dissipation)."  and  the  formation  of  a  metal  oxide 


’Because  Mo  forms  volatile  oxides 


Table  II.  Sliding  Stress  with  Porous  Alumina  Interface 


Fracture  mirror 

/n  Mtu  tiber 

Pulldul 

Sliding 

radius.  a„ 

strength.. V* 

length. 

stress.  T 

(wmi 

(GPa) 

h 

()im) 

(MPal 

27 

1.68 

193 

142 

*S  =  .‘^.5  where  K.  is  the  fiber  toughness  i  2. ft  MPa) ’  t  -  .Vfr2^l. 

where  r  is  the  sappliire  fiber  radius  ' 


iMtiO  i>r  CrO.)  '  '  A  svstcntatic  study  would  be  needed  to 
identity  the  critical  factv'risi 

O.xiJc  toaiings.  which  lomi  strong  interfaces  with  sapphire, 
can  also  be  useful  debond  coalings,  provided  that  they  contain  a 
significant  amount  of  porosity  subsequent  lo  composite  consoli¬ 
dation.  The  porosity  in  these  coatings  provides  a  li>w  traciure 
energy  path  causing  debonding  within  the  coating.  The  practi¬ 
cal  problem  of  ensuring  coating  porosity  may  be  approached  by 
incorporating  a  second  phase  material,  such  as  colloidal  graph¬ 
ite.  into  the  coating  and  removing  it  after  the  composite  is 
consolidated. 

The  sliding  characteristics  of  the  various  interlaces  were  also 
investigated.  The  sliding  resistance  obtained  on  interfaces  pro¬ 
duced  w  ith  refractory  metal  coalings  is  apparently  tixi  high  for 
significant  fiber  pull-out.  because  Ihe  coating  deforms  during 
sliding.  How  ever,  for  coalings  such  as  Mo.  w  hich  form  volatile 
oxides,  the  interfacial  sliding  resistance  can  be  significantly 
reduced  through  coating  removal  by  heat  treatment  in  air.  Fugi¬ 
tive  carbon  coalings  also  have  this  attribute.'"  but  were  not  used 
in  this  study  because  the  carbon  reacted  w  ith  the  sapphire  in  the 
diffusion  bonding  experiments,  it  is  recognized,  however,  that 
altering  the  processing  conditions  could  eliminate  this  problem. 
Once  the  coating  has  been  removed,  the  fiber  surface  and 
matrix  roughness  prov  ide  the  sliding  resistance  needed  for  load 
transfer.  The  resultant  system  is  al.st)  oxidatively  stable.  The 
coating  thickness  relative  to  the  fiber  and  mainx  roughness 
amplitude  is  now  a  key  parameter.  "  An  optimization  study  is  in 
progress. 

The  sliding  resistances  of  oxide  coatings  examined  in  this 
study  were  also  unacceptably  high,  because  of  the  undulating 
debond  trajectory.  It  is  believed  that  t  can  be  reduced  if  the 
grain  size  and  porosity  of  the  coating  are  carefully  controlled. 
Further  studies  of  the  effect  of  debond  surface  irregularities  on 
the  sliding  behavior  are  needed  to  address  this  issue. 

Fiber  strength  degradation  is  another  concern  for  oxide  coat¬ 
ings.  When  reaction  products  with  the  fiber  coating  are 
avoided,  potential  sources  of  fiber  strength  depadation  persist, 
including  residual  strain  (Fig.  3)  and  undulations  prtxiuced  on 
the  fiber  surface  by  diffusion  (Fig.  5).  Some  basic  characteris¬ 
tics  are  amenable  to  analysis  (Appendix).  The  predictions  (Fig. 
14)  indicate  that  m-ZrO;  coatings  are  unacceptable  because,  for 
typical  coating  thicknesses  (h  =»  0. 1-1  jim),  the  large  mismatch 
stresses  caused  by  the  transformation  lead  to  fiber  strengths 
below  the  acceptable  limit  tor  high-performance  applications 
(5  <  I  GPa).  Furthermore,  coatings  such  as  YAG  with  a  mis¬ 
match  governed  by  thermal  expansion  ate  also  predicted  to 
cause  an  unacceptably  low  fiber  strength  (5  <  2  GPa).  unless 
the  coatings  are  thin  (/»  <  3  p-m).  A  general  implication  is  that 


Fig.  10.  Short  fiber  pull-oul  lengths  were  observed  when  Mo  coal¬ 
ings  were  used. 
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Fig.  11.  The  surface  morphology  of  the  pushed-oul  sapphire  hbers 
was  found  to  change  when  the  Mo  coating  was  removed  by  oxidation: 
(A)  as-hol-pressed  condition;  (B)  heat-treated  condition. 
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Fig.  13.  Fiber  push-out  curves  reveal  that  the  interfacial  sliding 
resistance  was  decreased  to  an  acceptable  level  by  removing  the  submi- 
crometer  thick  (0.7  p.m)  Mo  coaling  from  the  interface. 


oxide  coalings,  which  typically  bond  well  to  sapphire,  are  a 
possible  source  of  fiber  strength  degradation.  The  extent  of 
degradation  is  diminisried  by  thin  coatings  and  small  thermal 
expansion  mismatch.  Also,  porosity  in  the  coating  tends  to  alle¬ 
viate  the  degradation  problem 

APPENDIX 
Fiber  Degradation 

When  the  coating  is  in  residual  tension  caused  by  thermal 
expansion  misfit,  the  coating  cracks  before  fiber  failure  and 
may  cause  a  degradation  in  hber  strength.  When  this  crack  pen¬ 
etrates  into  the  fiber,  the  stress  intensity  factor.  K„.  for  a  crack 
of  depth  a  associated  w-ith  the  residual  field  from  the  coating 
is'^ 


uncoated 
fibers  .  So 


Kf,  =  I .  IFj  [/t\  irr; ( I  -  u) 
=  \  .\(T„h\‘Tta 


(A-I) 


Fig.  14.  The  predicted  influence  of  oxide  coatings  on  the  strength  of 
sapphire  fiber:  p  is  the  coating  density.  It  is  assumed  that  the  uncoated 
fibers  have  a  strength  S„  =  2.5  GPa. 
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where  e,  is  (he  mistit  strain,  h  the  coating  thickness.  £.  its 
Young's  modulus,  w  its  Poisson's  ratio,  and  or,,  the  misht  stress. 
The  applied  stress  ct  also  induces  a  stress  intensity  “ 

K  =  I .  lo.^  -ira  (A-2l 

By  adding  the  K's  and  equating  to  the  fracture  resistance  of  the 
fiber,  the  stress/crack  length  relation  becomes 


Differentiating  Eq.  (A-3)  and  setting  da/dw  =  0  for  the  maxi¬ 
mum,  gives  a  fiber  strength. 

5  =  =  0.2(£,r,/(T„/i)  (A-4) 

This  result  applies  when  S  is  smaller  than  the  strength  5„  of  the 
uncoated  fibers.  Fiber  strengths  as  a  function  of  coating  thick¬ 
ness  for  a  range  of  dense  and  porous  oxide  coatings  are  plotted 
in  Fig.  14. 
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CRACKING  AND  DAMAGE  MECHANISMS  IN 
CERAMIC/METAL  MULTILAYERS 

M.  C  SHAWU  D.  B.  MAKSHALL’,  M.  S.  DADKHAH*  ani  A.  G.  EVANS' 
'Matetiab  Department,  College  of  Eagineeting,  Univertity  of  CaUfotnia,  Santa  Bartiara.  CA  93106-S0S0 
and  Hockwdl  Intematioiial  Sdenoe  Center,  1049  Cainino  Dot  Riot,  Thoiitand  Oakt,  CA  91360,  U.SA. 

(Rtctiotd  10  NoBtmber  1992) 


Ahetraet  ■  Invettigatioiit  of  cracking  in  multilayered  cermmic/metal  compotitet  are  pretented.  Two  aspects 
are  considered:  crack  lenucieation  across  intact  single  metal  layers  and  tubtequent  crack  eatension.  Crack 
lenudeation  criteria  are  determined  and  compared  with  predictiont.  High-resolution  strain-mapping 
techniques  are  employed  to  determine  the  surface  strain  surrounding  cracks.  Good  aipeement  it 
found  between  these  eaperimental  measurements  and  the  predictions  of  a  small-scale  yielding  model. 
Subsequent  crack  progression  occurs  either  by  the  extension  of  a  dominant,  nearly  plaW  crack  or  by 
the  formation  of  a  zone  of  periodically  spaced  cracks.  Both  patterns  are  analyzed.  The  dominant  ctaddng 
bdiavior  is  found  to  depend  on  the  volume  fraction  and  yidd  strength  of  the  metal 


1.  INTRODUCTION 

The  macroscopic  mechanical  properties  of  layered 
metal/ceramic  composites  are  governed  by  the 
mechanisms  of  deformation  and  damage  that  occur 
upon  loadhng  (l-d).  Especially  important  is  the 
manner  in  which  cracks  that  first  form  in  brittle  layers 
communicate  further  damage  to  the  neighboring 
layers.  Two  limiting  reqxmses  have  been  identified: 
global  and  local  load  sharing  [1].  When  global  load 
sharing  applies,  the  stress  redistribution  caused  by  a 
crack  results  in  a  uniformly  increased  stress  in  aU  of 
the  remaining  uncracked  layers.  Consequently,  a 
strai^tforward  stoduutk  approach  can  be  used  to 
characterize  the  mechanical  properties,  leading  to  a 
damage  mechanics  representation.  Conversely,  local 
load  sharing  results  in  a  stress  concentration  around 
an  initial  crack  formed  within  one  layer,  which  causes 
damage  to  progress  laterally,  often  as  a  dominant 
mode  I  crack.  In  this  case,  large^cale  bridging 
mechanics  is  ai^ropriate.  As  yet,  there  is  no 
fimdamental  undmtanding  of  the  properties  of  the 
layers  and  of  the  interfaces  that  govern  the  occur¬ 
rence  of  these  extreme  behaviors  (or  of  intermediate 
mechanisms).  The  invsent  article  addresses  the 
criterion  tlut  governs  this  fracture  mechanism 
,  transition. 

A  previous  study  provided  some  understanding  of 
the  stress  fields  around  a  crack  within  a  ductile-brittle 
layered  composite  [2].  For  a  crack  located  in  a  brittle 
layer  with  its  tip  incident  upon  a  ductile  layer 
(as  illustrated  in  Fig.  1),  two  limits  were  identified: 
(i)  a  small-scale  yielding  (SSY)  limit,  wherein  the 
plastic  zone  extends  completely  through  the  ductile 


tCooa  ADS-99S,  which  is  relativriy  pure  and  has  hi^ 
flexural  strength,  and  Coors  ADS-96,  which  is  less  pure 
and  has  lower  strength. 


layer  but  only  a  small  distance  (compared  with  the 
crack  length)  along  the  layer  and  (ii)  a  large-scale 
yielding  (LSY),  or  shear  lag  (SL)  limit,  characterized 
by  the  plastic  zone  extending  a  relatively  large  dis- 
Umce  normal  to  the  crack.  The  SSY  limit  exhibits 
relatively  large  stress  concentrations  and  is  expected 
to  result  in  local  load  sharing.  The  LSY  limit  is 
typified  by  much  smaller  stress  concentrations  and 
rtmy  allow  global  load  sharing.  Investigation  of  these 
stress  fields  (including  their  relationship  with  the 
cracking  sequence)  should  provide  insist  into  the 
transition  in  mechanism.  The  present  study  describes 
experimental  approaches  for  measuring  the  stress  and 
di^lacement  &lds  around  such  cracks,  and  com¬ 
pares  the  results  with  calculated  stress  fields. 

r  EXPERIMENTAL 

21.  Materials 

Metal/ceramic  multilayers  were  produced  by 
vacuum  diffusion  bonding  precleaned  metal  and 
ceramic  sheets.  Bonding  was  conducted  at 
homologous  temperatures  for  the  metal,  ~  0.9, 
for  —24  h,  with  an  applied  compression  —2  MPa,  in 
a  vacuum  (— 10~*torr).  The  composites  were 
prepared  from  two  grades  of  aluminum  oxide,t  one 
of  higher  strength  than  the  other,  bonded  to  high 
purity  aluminum  or  coiq>er.  These  systems  have 
stroiij^y  bonded  interfaces  [3].  The  properties  of 
the  constituaits  are  summarized  in  Tal^  1.  The 
thicknesses  of  the  layers,  as  well  as  the  ratios  of  the 
metal  thickness.  A.,  to  the  ceramic  thickness.  A,, 
were  varied,  but  in  all  cases,  a  total  multilayer 
thickness  of  4-8  mm  was  used.  The  range  of 
systems  aitd  diffusion  bonding  conditions  are  sum¬ 
marized  in  Table  2.  Some  qredmens  with  relatively 
thick  (2  mm)  A1,0}  outer  layers  were  used 


3311 


3312 


SHAW  «  al..  CRACKING  IN  CERAMIC/METAL  MULTILAYERS 


Fig.  1.  Schematic  illustrating  the  crack  geometry  and  the 
parameters  measured  in  the  experiments. 

in  order  to  establish  a  well-developed  crack  prior  to 
testing  [Fig.  2(a)l. 

2.2.  Measurements 

In  situ  observations  of  crack  growth  in  the  multi¬ 
layered  composites  were  obtained  on  beam  specimens 
with  notches  cut  to  a  depth  of  ~  SO */•  of  the  thickness 
of  the  outer  ceramic  layer  with  a  diamond  saw.  The 
specimens  were  polished  optically  flat  on  one  face  to 
allow  observations  of  crack  growth.  Cracks  were 
initiated  from  the  root  of  the  notch  and  then  extended 
subly  to  the  interface  using  a  loading  fixture  attached 
to  the  stage  of  an  optica!  microscope  (Fig.  2(a)].  Most 
tests  were  done  in  ambient  air.  However,  to  examine 
enviroiunental  susceptibility,  a  few  tests  on  the 
A]}0,/A1  materials  were  done  in  dry  N,.  High 
magnification  micrographs  were  obtained  from  die 
crack  tip  region  during  loading.  In  all  cases,  cracks 
were  oriented  with  the  crack  plane  perpendicular  to 
the  layers  (Figs  1  and  2)  and  the  loads  were  applied 
in  four-point  flexure.  Typical  specimen  dimensions 
were  1  x  8  x  30  mm,  with  the  inner  and  outer  loading 
point  separations  being  10  and  25  mm.  The  nominal 
mode  1  stress  intensity  factors  K|  were  evaluated  from 
the  measured  loads,  crack  lengths  and  specimen 


tDisplacement  resolution  of  10  nm  is  achieved  from  optical 
micrographs. 


dimensions  by  using  the  calibration  for  an  elastically 
homogeneous  beam  (Section  4.1)  [7]. 

Optical  micrographs  of  the  crack  tip  region  were 
analyzed  to  determine  the  opening  displacement, 
of  the  cracked  ceramic  layer  adjacent  to  the  metal,  the 
strain,  in  the  neighboring  ceramic  layer,  and  the 
plastic  zone  size,  /p  (Fig.  1).  This  was  achieved  by 
measuring  differential  displacements  of  correspond¬ 
ing  image  features  in  pairs  of  micrographs;  one  taken 
at  zero  load  (the  reference)  and  the  other  obtained 
under  load.  Two  image  analysis  techniques  were 
used:  stereo  viewing  of  pairs  of  micrographs  [8]  and 
a  computerized  image  comparison  procedure  [9] 
(HASMAP-High  Accuracy  Strain  MAPing).  The 
latter  technique  determines  full-field  maps  of  in-plane 
displacements,  which  can  be  differentiate  to  prMluce 
the  in-plane  strain  fields.  Since  both  methods  measure 
differential  displacements,  their  sensitivity  is  much 
greater  thjiu  the  point-to-point  resolution  of  the 
micrographs,  t 

Strain  distributions  were  also  measured  using 
microscopic  high-resolution  moire  interferometry. 
The  procedure  involved  depositing  a  diffraction 
grating  on  the  specimen  surface  and  forming  a  moire 
interference  pattern  between  the  specimen  grating 
and  a  fixed  reference  grating  during  loading  of  the 
specimen  [10, 1 1].  The  moire  image  consists  of  fringes 
which  define  contours  of  constant  displacement,  with 
the  increment  between  fringes  being  equal  to  one-half 
of  the  grating  period.  A  fringe  multiplication 
technique  was  used  [10]  to  increase  the  differential 
displacement  resolution  to  36nm/rringe.  Interfero- 
graphs  were  obtained  in  two  orthogonal  directions,  x 
or  y  (Fig.  1),  by  using  two  interpenetrating  diffraction 
gratings  oriented  at  90°.  The  strains  were  deter¬ 
mined  by  measuring  fringe  spacings  along  a  line 
within  the  ceramic  layer,  S  ftm  from  the  interface.  The 
c„(y)  stress  was  then  estimated  using  the  plane  stress 
relation  [12] 

(1  -  y^)a„[y)  =  Ele„(y)  +  V£„(y)]  (1) 

where  v  is  Poisson's  ratio  and  E  is  Young's  modulus 
of  the  AI2O3. 


Tsbte  1.  PropwUei  of  comUtaente 


Conaliluent 

Tbennal  cxfNuiiioo 
ooefficieat 

a(xl0-‘C-') 

Youns'i 

maCuhia 

£(OPa) 

Uniaxial  yield 
tUcngUi 

Vo  (MPa) 

Work  bardening 
coefficient 
n 

A1,0, 

8 

380 

— 

— 

Al 

25 

70 

SO 

0.2 

Cu 

17 

120 

70 

0.3 

Table  2.  Summary  of  diffiaion  bonding  conditiom 


Multilayer 

Bonding 

temperatuie 

ro 

Bonding 

(MCMure 

(MPa) 

Bonding 

time 

(h) 

A),0, 

tliickneu 

(fim) 

Metal 

thickiiess 

(pm) 

620 

1.5 

20 

45 

250 

A/Al,0, 

680 

8. 25,  SO,  100. 250 

655 

2.6 

20 

125 

250 

680 

8,25,100,250 

Cu/Al,0, 

940 

1 

24 

480 

25. 130 
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Fig.  2.  (a)  Schematic  illustrating  the  specimen  type  and  loading  geometry  where  A/  is  the  applied  bending 
moment,  (b,  c,  d)  Cracking  patterns  determined  by  optical  micTOSCopy:  (b)  single  crack  in  a  system  with 
Al/480pm  A1}0,,  (c)  multiple  cracking  in  composites  with  A1/12S  pm  AljO,  and  (d)  A1/4S  pm  AljO,. 
Arrows  indicate  the  crack  locations.  All  three  composites  contained  250  pm  thick  A1  layers. 
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Eij:  3  Scanmtii!  electron  micrographs  of  fracture  surfaces  o'  ALO,  multilayers,  showing  a  single 
aluminum  layer  sandwiched  between  twv  alumina  layers 


In  matcrial.s  with  relatively  thick  AUO,  layers 
(  >480 /tin),  average  strains.  .  were  measured  with 
strain  gauge  over  an  area  :t0.6  x  0.25  mm, 

The  strength  distribution  of  the  higher  strength 
alumina  was  measured  using  four-point  flexural  load¬ 
ing  of  specimens  cut  from  as-received  plates  (680  /im 
thick)  and  from  plates  that  had  been  surface-ground 
to  reduce  their  thickness  to  450 /tm.  The  strength 
distribution  of  the  lower  strength  alumina  was  also 
measured  using  four-point  flexural  loading  of 
specimens  cut  from  as-received  plates  (2  mm  thick). 
The  cumulative  probability  of  failure.  <P(S).  was 
determined  (using  order  statistics)  as  a  function  of  the 
nominal  strength.  S.  for  both  types  of  alumina,  by 
using  the  volume  flaw  solution  (see  Section  3)  [13) 

-ln[l  -4>(5)]  =  (.V'5„)"’(E/iiv  r„) 

X  (w  +  2)  4(m 1)-  (2) 

where  L  is  the  test  span,  m'  is  the  specimen  width  and 
h  IS  the  specimen  thickness,  with  I'n  being  a  reference 
volume  (taken  to  be  I  m')  and  So  and  m  the  reference 
strength  and  shape  parameters. 

3.  RESULTS 

/.  Crack  growth 

In  multilayered  composites  with  low  volume 
fractions  of  metal  ( /^  <  0.3).  a  single  crack  formed  in 
each  ceramic  layer  ahead  of  the  notch  during  fracture 
of  precracked  beams  [Fig.  2(b)).  No  interfacial 
debonding  occurred  in  any  of  the  composites,  during 
cither  crack  renucleation  or  subsequent  fracture, 
despite  extensive  plastic  stretching  of  the  metal  lavers 
(Fig.  3).  Furthermore,  the  cracks  renuci  I 
sequentially  in  adjoining  layers  on  nearly  the 
plane  as  the  notch.  The  damage  is  thus  viewed  uj  a 
dominant  mode  1  crack,  with  the  crack  tip  taken  to 
be  the  edge  of  the  furthest  cracked  ceramic  layer. 
A  nominal  stress  intensity  factor  A',  can  then  be 
defined  as  the  loading  parameter. 

The  grow  th  of  mode  1  cracks  in  systems  containing 
ceramic  layers  of  thickness  greater  than  that  of  the 


Fig.  4.  Measured  crack  growth  resistance,  A'^.  as  a 
function  of  crack  extension,  Aa,  for  several  multilayered 
composites. 
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meUl  bym  (Ac  ~  450-680  A. -8-250  Aim)  may 
be  repretenled  by  icautanoe  curves  (Fig.  4).  Two 
values  of  the  stress  intensity  factor  diaracterue  crack 
growth:  (i)  that  needed  for  initial  crack  lenucleation 
across  intact  metal  layers,  ATn.  and  (ii)  that  needed  for 
subsequent  crack  growth,  K^.  Initial  crack  growth  is 
controlled  by  crack  renudeation  in  the  ceramic  layer 
ahead  of  the  crack  tip,  sdiereas  Kf,  increases  during 


Maid Thicknau.  ha,(|iin) 


(b)  jj 


Matal  TMcknass,  h„(|im) 


Matal  Thickness  h„(M>n) 

Fig.  5.  (a)  Crack  lenudeatioii  stress  intensity  factor,  Kn,  as 
a  function  of  metal  layer  thickness,  for  (a)  composites 
fabricated  fifom  the  hitler  strength  alumina  a^  tested  in  an 
air  environment.  Also  shown  is  the  SSY  prediction  for  a 
median  ceramic  strength,  ^  —  SdOMPa.  (b)  K„  for 
Gopper/ahnnina  composites  fhlnicated  from  either  the 
higte  strength  or  lower  strength  alumina  and  tested  in  an 
envinmmenL  Also  shown  are  the  SSY  predictions  for 
for  median  ceramic  strengths  of  S.  — 4dOMPa  and 
— 380  MPa.  (c)  K,,  for  ahmunum/aiumina  multilayers 
fabricated  from  the  higbm  strength  alumina  tested  in  air  and 
dry  nitrogen. 


Rdativo  Oflant  A  / 


Fig.6.  Cumulative  distribution,  O4,  of  the  olbet.  A,  in  crack 
renudeation  location  normalized  1^  the  metal  layer  thick* 
ness,  for  multilayers  with  a  range  of  metal  layer 
UuckiMtcs. 


subsequent  crack  growth  because  of  the  bridgmg 
effect  of  intact  metal  layers  in  the  crack  wake.  For  a 
given  material  combination  and  enviixMunent  (Fig.  5), 
the  renudeation  resistance  increased  with  the  thick* 
ness  of  the  metal  layers.  The  values  of  Kt,  ranged 
between  5  and  17  in  aU  cases,  hi||^  than 

the  fracture  toughness  of  alumina  [14]  (A^  3.5  to 
4  MPa  y/ti)  [Fig.  5(a)].  The  values  of  8^  were  also 
systematically  higher  in  Cu/AljO]  conqwsites  con¬ 
taining  the  higher  strength  AI2O3  than  in  equivalent 
composites  with  the  lower  strength  AljO)  [Fig.  5(b)]. 
Testing  of  the  AI/AI2O3  composites  in  air  resulted  in 
lower  vdues  of  ATn  than  testing  in  dry  N2,  implying 
a  sensitivity  of  crack  renudeation  to  moisture  [lug. 
5(c)]. 

Finally,  the  locations  at  whidi  the  cracks 
renucleated  were  usually  offset  from  the  crack  plane 
in  the  previously  cracked  AI2O3  layer.  The  ofbet 
distances.  A,  measured  for  composites  with  metal 
layers  of  various  thicknesses  are  shown  in  F^  6  as 
a  single  probability  distribution,  {dotted  as  a  function 
of  A  normalized  by  the  thickn^  A^,  of  the  metal 
layers.  The  results  indicate  that  A  scales  with  A^. 


J  JL  Crack  lip  opening  duphteematts 

The  stationary  crack  tip  opening  diqrlacements.  A*, 
were  determined  by  stereoscoiry  from  in  situ  optical 
micrographs  obtained  before  ciadcs  renucleated  in 
the  ceramic  layer  ahead  of  the  {necrack.  For  each 
spedmen.  A,  was  found  to  increase  with  increasing  , 
following  the  [rroportionality,  SgOcKf  [Fig.  7(a)].  This 
profxntionality  suggests  Uut  the  data  may  be 
comijared  with  the  solution  for  a  homogeneous  metal 
in  the  small  scale  yielding  limit,  given  by  [15, 16] 


Ao* 


NJCj 


(3) 


where  and  o,  are  tbe  Young’s  modulus  and 
uniaxial  yield  strength  of  the  metal  and  If  ii  u 
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Fig.  7.  (a)  Crack  tip  openiiig  diiplaoeiiients.  6^,  as  a 
function  of  the  square  of  the  appUed  stress  intensity  factor, 
K},  for  several  multilayer  systems.  Also  shovm  is  the 
piediction  (equation  (3)].  (b)  The  non-dimensional  par¬ 
ameter,  H  m  SfE^cJK}  as  a  function  of  inverse  metal  layer 
thickness  for  seve^  different  multilayer  systems. 


noa-ditnensiosal  parameter.  For  homogeneous 
metals,  H  depends  only  on  the  work  hardening 
coefficient,  and  typically  has  values  of  0.48  for 
aluminum  and  0.18  for  copper  [16, 17].  It  is  apparent 
from  Fig.  7(b)  that  smaller  values  of  H  obtain  for  all 
of  the  layered  materials.  Moreover,  the  magnitude  of 
H  decreases  with  decreasing  metal  layer  thickness 
[Fig.  7(b)]  and,  at  given  layer  thickness,  is  lower  for 
the  mult&yers  containing  copper  than  for  those 
containing  aluminum,  consistent  with  the  trend  in  H 
for  the  homogeneous  metals. 

3.3.  Strain  measurements 

The  average  strains,  measured  using  strain 
gauges  in  the  Al}03  layers  directly  opposite  the 
prepack  increased  with  increasing  (Fig.  8).  Both 
the  magnitude  of  the  strain  and  the  rate  of  increase 
in  strain,  at  given  Ki,  increased  with  decreasing  metal 
layer  thickness. 

A  moirb  interference  micrograph  diowing  fringes 
of  constant  displacement  in  the  vertical  (y)  ffirection, 
obtained  from  the  region  surrounding  a  crack  tip  in 
a  multilayered  Cu/AljO,  composite,  is  shown  in 
Fig.  9.  The  stresses,  a„,  dong  die  edge  of  the  AljOj 
layer  ahead  of  the  crack  tip,  evaluated  from  the 
micrographs  [by  using  equation  (1)]  are  plotted  in 
Fig.  10,  along  with  theoretical  predictions  to  be 
discussed  in  the  following  section.  The  data  obtained 


at  each  of  three  values  of  the  a^ilied  stress  intensity 
factor  indicate  that  local  stress  concentrations  exist 
ahead  of  the  crack  tip,  with  peaks  offset  symmetri¬ 
cally  by  approximately  50  ^m  from  the  crack  plane. 
The  magnitude  of  the  peak  stress  increases  Uneariy 
with  ff|.  The  strains,  i„,  in  the  metal  layer  displayed 
a  similar  distribution  as  those  in  the  intact  ceramic 
layer,  but  were  much  larger  in  magnitude  with  a 
plastic  zone  that  extended  beyond  the  field  of  view 
(±350 ^im). 

The  distribution  of  shear  strains  (as  determined  by 
HASMAP)  around  a  crack  in  another  Cu/AljO) 
multilayered  composite  with  thicker  copper  layers 
(130  nm)  is  shown  in  Fig.  1 1 .  A  zone  of  localized 
plastic  strain  within  the  copper  layer  ahead  of  the 
crack  tip  is  evident.  The  zone  extends  to  the  side  of 
the  crack  to  a  distance  approximately  7  times  the 
metal  layer  thickness  (/p  %  1  mm). 

3.4.  Multiple  cracking 

In  composites  with  larger  volume  fractions  of 
metal  >  0.7).  multiple  cracks  formed  within  the 
AljOj  layers  [Fig.  2(c,d)]  after  initial  renucleation 
from  the  precrack.  Furthermore,  in  multilayers  with 
the  highrat  metal  volume  fraction  [/^  0.85, 
Fig.  2(d)],  lateral  spreading  of  multiple  cracks  within 
the  same  brittle  layer  often  occurred  in  preference  to 
forward  progression  of  the  main  crack.  In  all  cases, 
the  crack  density  eventually  saturated  within  a  dam¬ 
age  zone  ~2  nun  in  total  width  [approximately  twice 
the  width  of  the  region  of  the  spedmen  containing  the 
thin  ceramic  layers.  Fig.  2(a)],  with  the  distribution, 
of  crack  spacings  shown  in  Fig.  12.  It  is  evident 
that  the  mean  crack  qiacing  at  saturation,  /„ 
increases  as  the  alumina  layer  thickness  increases. 

3.5.  Alumina  strengths 

The  strength  distributions  measured  on  the  as- 
sintered  and  surface-ground  specitnens  of  the  higher 
strength  AljO,  were  indistinguishable  [Fig.  13(a)], 


Fig.  8.  Avenge  stresses.  4„,  in  ceramic  layers  ditcctly 
opposite  the  crack  detennined  with  a  strain  gauge,  for 
several  multilayers.  Also  shown  are  the  predictiona  for 
from  equation  (A2). 
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Fig.  ll.  Contour  map  of  the  in-piane  shear  strain  distribution.  measured  by  HASMAP  just  before 
crack  renucieation  in  a  copper  alumina  multilayer.  The  contour  intervals  represent  a  strain  of  6  x  10'*. 
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Crack  Spacing  ,  i  (pm) 

Fig.  12.  Distribution,  of  crack  spacings.  at  saturation, 
from  several  multiply  cracked  aluminum/alumina  specimes 
containing  45  and  125  pm  thick  alumina  layers  with  250  pm 
thick  aluminum  layers. 

suggesting  that  the  strength  is  controlled  by  volume 
flaws,  t  The  data  from  both  types  of  specimens  were 
combined,  and  the  magnitudes  of  the  shape 
parameter,  m,  and  the  reference  strength.  Sq,  were 
ascertained  by  fitting  equation  (2)  to  the  data,  giving 
F|,5o  =  2.9  X  10"  MPa^  m^  The  corresponding 
median  strength  is,  =  460  MPa.  For  the  lower 
strength  AI2O3  (as-sintered),  F„So=1.2x 
10’ MPa”  m’  and  the  median  strength  is, 
S„  =  380MPa  [Fig.  13(b)]. 

tAlthough  it  is  possible  that  the  surface  flaw  distributions 
were  the  same  within  the  measurement  accuracy,  it  is 
considered  unlikely. 


Strength  (MPa) 


Fig.  13.  Cumulative  failure  probabilities  (a)  for  plates  of  the 
higher  strength  Al.O,  in  the  as-received  and  machined 
conditions,  and  fb)  plates  of  the  lower  strength  alumina  in 
the  as-received  condition. 
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4.  COMPARISON  WITH  MODELS 
4.1.  Crack  tip  stresses 

Two  limiting  solutions  have  been  identified  for  the 
stresses,  <r„(x,  y),  within  intact  brittle  layers  ahead  of 
the  crack  tip  in  layered  metal/ceramic  composites.  In 
the  small-scale  yielding  (SSY)  limiL  the  stresses  along 
the  crack  plane  closely  approximate  the  elastic 
solution  [2] 

o^(x.0)«A:,/v^  (4) 

where  A|  is  computed  for  an  elastically  homogeneous 
medium.  This  result  bolds  even  when  the  plastic  zone 
extends  both  through  the  metal  layer  and  laterally  up 
to  a  distance  several  times  the  metal  layer  thickness. 
The  corresponding  stresses  in  the  intact  ceramic  layer 
alongside  the  metal/ceramic  interface  (x  are 
given  by  [18] 

=  (5) 

Viw 

with 

where  r  and  0  are  the  radial  and  angular  coordinates 
from  the  crack  tip  (Fig.  1) 


An  estimate  of  the  size  of  the  slip  zone,  obtained  by 
equating  to  the  shear  yield  strength  of  the  metal 
[with  K,  =  in  equation  (S)],  is  [2] 

/,/ao«0.38(o./a,)*  (7) 

where  is  the  applied  tensile  stress  and  Og  is  the 
length  of  the  precrack.  For  larger  slip  lengths, 
corresponding  to  large-scale  yielding  (LSY),  a  finite 
element  amilysis  has  been  used  to  evaluate  the  stresses 
[2].  The  peak  stress  in  the  ceramic  layer  is  [2] 

(«) 

The  distribution  of  <r„  stresses  in  the  intact  ceramic 
layer  for  O.OS  >  (.y/lp)  ^  1  is  [2] 

where  Q  is  a  dimensionless  parameter  and  w  is  the 
specimen  width  [2].  The  corresponding  slip  length  is 

/p/<»o  =  -y3ff«/«^o-  (10) 

The  predicted  stresses,  given  by  equations  (S)  and 
(9),  are  compared  with  the  moire  intoferometry  data 

t  A  mote  rigorous  analysif  would  entail  statistical  analysis 
of  fracture,  using  tlw  measured  strength  distribution  of 
the  A1]0]  layers  and  the  nonuniform  stress  fidd  of 
Eqn.  (S).  Preliminary  calculations  indicate  that  the  pre¬ 
sent  simplification  does  not  result  in  significant  error. 


in  Fig.  10.  The  SSY  predictions  agree  reasonably  well 
with  the  experimenul  results,  including  the  locatioiu 
of  the  peak  stress  which  are  offset  from  the  crack 
plane.  Conversely,  the  LSY  solution  substantially 
underestimates  the  magnitudes  of  the  stresses  and 
fails  to  predict  the  location  of  maximum  stress. 
Additionally,  the  SSY  predictions  are  compared  with 
the  strain  gauge  measurements,  made  over  a  range  of 
loads  (Fig.  8;  Appendix  A).  Again,  the  SSY  predic¬ 
tions  agree  reasonably  well  with  the  data. 

The  stress  distributions  at  x  »  A.  in  the  ceramic 
layer  ahead  of  the  crack  tip  can  be  used  in  conjunc¬ 
tion  with  the  measured  strength  of  the  ceramic  to 
predict  failure  of  the  ceramic  layer  and  thus,  the 
renucleation  stress  intensity  factor,  A  simple 
estimate  is  obtained  by  equating  the  stress  (at 
X  y^O)  from  equation  (S)  to  the  median 
strength,  S.,  of  the  AI2O3  layers.!  For  small-scale 
yielding,  this  gives 

=  (11) 

The  prediction  of  equation  (11),  with  4fio  MPa 
(from  Fig.  13),  agrees  reasonably  well  with  measured 
values  of  8^  for  materials  with  metal  layers  of  various 
thicknesses  [Fig.  S(a)].  Furthermore,  the  decrease  in 
An  in  multilayers  fabricated  from  the  lower  strength 
alumina  [Fig.  S(b)]  also  is  connstent  with  the 
{nedkted  decrease  in  resulting  from  a  lower  S.. 
These  correlations  with  the  SSY  predictions  apply 
even  though  the  normalized  plastic  zone  size  extends 
up  to  lflao»2  (Fig.  11).  Consequently,  the  SSY 
stresses  seemingly  apply  over  a  wider  range  of  plastic 
zoiM  sizes  than  luul  been  expected  [2],  although  these 
findinp  are  consistent  with  recent  calculations  [19]. 

4.2.  Multiple  cracking 

4.2.1.  Transition  from  single  to  multiple  crack¬ 
ing.  The  criterion  for  the  transition  from  single  to 
multiple  cracking  is  a  key  design  parameter  for  this 
class  of  multilayered  composites.  Since  the  present 
experiments  indicate  that  SSY  conditions  dominate, 
this  transition  does  not  appear  to  be  related  to  the 
onset  of  LSY  conditions.  Instead,  it  is  suggested  that 
the  transition  occurs  when  new  cracks  are  formed  in 
the  AljO)  layers  in  the  crack  wake.  For  wake  crack¬ 
ing  to  occur  preferentially,  the  local  stresses  in  the 
wake  must  exceed  those  ahead  of  the  crack,  as  well 
as  reach  the  fracture  strength  of  the  ceramic  layers. 
These  stresses  are  influeiMxd  by  two  contributions: 
the  K-field  of  the  main  crack  tip  and  the  bridging 
tractions  exerted  by  the  intact,  but  plastically 
stretched,  metal  layers.  The  stresses  associated  with 
the  K-field  are  always  smaller  in  the  wake  than  ahead 
of  the  crack  tip.  However,  the  contribution  from  the 
(nidging  tractions  can  (x  suflScient  to  make  the  wake 
stress  larger  than  the  tip  stress.  This  contribution 
depends  on  the  magnitude  of  the  (nidging  tractions, 
r,  the  relative  area  over  which  the  tractions  are 
applied  (the  volume  fraction  of  the  metal)  and  the 
absolute  thicknesses  of  the  individual  layers.  The 
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magnitude  of  T  is  known  to  depend  on  the  metal  yield 
strength  and  the  local  crack  opening  (20, 21]. 

A  simple  model  for  wake  cracking,  involving  a 
primary  crack  traversing  three  ceramic  layers  and 
partially  bridged  by  two  intact  metal  layers,  is 
analyzed  in  Append  B  (Fig.  Bl).  Approximate 
analytical  solutions  for  the  wake  stresses  as  a  function 
of  distance  from  the  crack  plane,  for  this  particular 
geometry  (Fig.  B2),  indicate  that  the  stress  increases 
from  zero  at  the  crack  faces  to  a  maximum  at  a 
characteristic  distance  from  the  crack  plane,  and  then 
decreases.  The  characteristic  distance  could  dictate 
the  crack  spacing  within  the  zone  of  multiple  crack¬ 
ing.  The  analysis  reveals  that  as  the  volume  fraction 
of  metal  increases,  the  location  of  the  larger  peak 
stress  changes  from  the  brittle  layer  ahead  of  the 
crack  tip  to  the  crack  wake,  provided  that  the  metal 
flow  strength  is  suflkiently  high  (Fig.  B2).  This  trend 
is  qualitatively  constant  with  the  observations  in 
Section  3. 

4.2.Z  Multiple  crack  density.  An  important 
measure  of  the  extent  of  crack  damage  relevant  to  a 
damage  mechanics  formulation  is  the  crack  density, 
p.  No  attempt  is  made  here  to  understand  tte 
evolution  of  p.  However,  some  appreciation  for  the 
applicability  of  damage  mechanics  may  be  gained  by 
comparing  the  measured  crack  spacings  with  values 
I»e(hcted  by  fragment  length  analysis  (!].  Stochastic 
analysis  of  multiple  cracking  in  bimaterial  systems 
with  sliding  interfaces  [1]  indicates  that  the  crack 
density  saturates  and  that  the  saturation  density,  p„ 
is  related  to  the  interfadal  shear  stress,  r,  as  well  as 
a  characteristic  ceramic  layer  strength,  5,,  through 
the  relationship 

p.-A(m)T/(/k.S.)  (12) 

where  2  is  a  dimensionless  coefficient  of  order  unity 
[1],  and,  for  a  well-bonded  interface,  r  is  the  tiiear 
flow  strength  of  the  metal  (r  %  atly/3).  The 
characteristic  strength,  5,  (Appendix  Q,  is  [1] 

S.=.(>ltK,5S'//t*w)'«— (13) 


S.  OWCLUSIONS 

Crack  growth  and  damage  accumulation  in 
strongly  bonded  cnramic/metal  multilayers  have  been 
investigated,  with  particular  enqphasis  on  the 
criterion  for  crack  advance,  as  well  as  on  crack 
extension  patterns.  Crack  renucleation  beyond  inter¬ 
vening  metal  layers  is  found  to  be  governed  by  the 
small-scale  yielding  stress  field.  Plastic  flow  within  the 
metal  layers  exerts  a  mininud  influence,  despite  dear 
evidence  of  fdastidty  in  the  metal  layers  prior  to  crack 
lenudeation.  The  metal  layers  therefore  act  simply  to 
separate  the  intact  ceramic  layer  fnmi  the  crack  tip  by 
a  distance  corre^nding  to  the  metal  layer  tiuckness. 
This  behavior  Inds  to  a  simple  inverse-square  root 
depeiKlence  of  the  crack  lenu^tkm  resistanoe, 
on  the  metal  layer  thickness.  A..  These  conclusions 
establish  that  crack  renucleation  results  from  a 
significant  stress  concentration  associated  with  cracks 
in  adjacent  brittle  layers. 

Damage  develops  either  as  a  dominant  crack,  or  as 
periodic  cracks,  depending  on  the  volume  fraction, 
layer  thickness  and  yield  strength  of  the  metal.  As  the 
volume  fraction  of  metal  increases,  at  constant 
ceramic  layer  thickness,  the  stresses  in  the  crack  wake 
increase,  vrhereas  the  stresses  in  the  intact  layer  ahead 
of  the  crack  tip  decrease.  This  trend  in  stress  leads  to 
a  transition  in  cracking  mechanism  with  increasing 
volume  fraction  of  metal,  whenever  the  metal  layers 
have  sufficiently  high  yield  strength,  ^xdfically,  for 
low  metal  volume  fractions,  mode  I  extension  of  a 
primary  crack  occurs,  whereas  for  high  metal  volume 
fractions,  periodic  multiple  cracking  occurs. 

When  multiple  cracking  dominates,  a  damage 
mechanics  approach  for  characterizing  properties 
appears  to  be  viable.  To  assess  the  validity  of  such  an 
approach,  a  simple  model  has  been  used  to  relate  the 
saturation  crack  density,  p„  to  the  intrinsic  flow 
properties  of  the  metal,  the  strength  characteristics  of 
the  brittle  layers  and  the  geometry  of  the  muhilayers. 
The  predictions  of  the  model  are  quiditatively 
consistent  with  the  measured  trends. 


Therefore,  equation  (12)  can  be  written 


] 


(14) 


With  the  relevant  parameters  for  the  AI2O3/AI 
system  (KoS?  -  2.9  x  10"  MPa"  m’,  r  *  30  MPa, 
/l(m  s8)«  1.6],  the  saturation  crack  qMcings  for 
multilayered  specimens  with  4Sfim  aixl  12Sfim 
thickness  alumina  layers  are  predicted  from  equation 
(14)  to  be  '»0.8mm  and  ~  1.7  mm,  reflectively. 
Although  these  are  larger  than  the  measured 
fiacings,  they  are  in  the  same  range  and  they  scale 
correctly  (Fig.  12).  A  damage  approach  based  on  the 
stochastics  of  the  brittle  layers,  coupled  with  inter- 
fadal  slip,  thus  a^iears  to  be  a  potentially  viable 
procedure  for  characterizing  the  properties  associated 
with  multiple  cracking. 
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APPENDIX  A 


Comparison  of  Predicted  Stresses  with  Strain  Gauge 
Measurements 


The  strain  gauge  data  provide  a  measure  of  the  average 
stress,  d„,  within  the  region  bounded  by  the  strain  gauge, 
i.e.k„<x<h^  +  d,  where  d  is  the  width  of  the  strain  gauge. 
For  the  stress  field  given  by  the  small-scale  yielding  limit  [2] 


_  1  K 


dx. 


Integration  gives 


where 


iJ _ ^ _ T. 


(Al) 


(A2) 


(A3) 


Equation  (A2)  is  compared  with  measurements  for  materials 
with  aluminum  layers  of  different  thickness  in  Fig.  8. 


APPENDIX  B 

Multiple  Cracking  Amdysis 

The  mode  of  damage  evolution  (single  or  multiple  cracking) 
depends  on  the  relative  magnitudes  of  the  stresses  in  the 
ceramic  layers  ahead  of  and  behind  the  crack  tip.  These 
depend,  in  turn,  on  the  thickness  of  the  metal  and  ceramic 
layers,  the  crack  length,  the  strength  distribution  of  the 
ceramic,  and  the  flow  properties  of  the  metal.  To  assess  the 
effect  of  changing  the  volume  fraction  of  metal,  these 
stresses  are  estimated  for  the  specific  composite  geometry 
shown  in  Fig.  Bl. 


Die  sticMes  wese  estiinated  by  regarding  the  eflect  of  the 
intact  metal  bridging  ligaments  as  crack  closure  tractions,  T, 
acting  on  the  crack  facm  (Fig.  Bl).  In  general,  the  magni¬ 
tude  of  T  depend  on  the  local  crack  opening,  the  flow 
properties  of  the  metal  and  interfacial  debonding.  However, 
for  the  purpoee  of  illustrating  the  transition  in  behavior,  T 
is  taken  to  be  a  constant  (T  »  1.3e,p)  in  the  present  analysis. 
Assuming  that  the  stress  concentration  due  to  the  crack  tip 
is  given  by  a  JC  field,  and  sssiiming  elastic  homogeneity,  the 
crack  tip  stresses  are  (IS] 


yjliu 


m 


(Bl) 


where  8;^  is  the  local  stress  intensity  factor  given  by  (20] 


-r(Y)idY 


(B2) 


where  X^X  +  xja  (Fig.  Bl).  The  stresses  in  the  crack  wake 
along  the  line  noti^  to  tte  crack  at  x  -(A_  -t-  /t^)  are 
given  by  the  superposition  of  two  components,  one  due  to 
the  cra^  tip  stress  concentration,  equation  (Bl),  and  the 
other  due  to  the  traction  T  [18, 22] 


m  +  8(/-.  ^  9.  T)  (B3) 

where  f{9)  is  given  by  equation  (3)  and  the  function 
X(/a,r,B,  T)  accounts  for  the  wake  stresses  arising  from 
the  crack  bridging  tractions  applied  to  the  surface  of  an 
riastic  half  space  over  the  intervals.  —2(h,  +  h^)<x< 
-(2K  +  *,),  and  -(A.  -t-  *,)<  X  <  -  A,  (22], 


8(/«.aB.  n-r(«i+ «} +  *“«!+ (B<) 


with 


a. 


with  A.,  Ac.  and  y  defined  in  Fig.  I. 

The  stresses  in  the  ceramic  layers  ahead  of  the  crack  tip 
(oa)  snd  in  the  crack  wake  {a,)  are  plotted  as  a  function  of 
distance  from  the  crack  plane  in  Fig.  B2  for  various  values 
of.^.  The  stress  distributions  at  both  locations  pass  through 
a  maximum  at  a  distance  from  the  crack  plaM  of  several 
times  Ac-  At  small  values  of/.,  the  maximum  stress  is  larger 
ahead  of  the  crack  than  in  the  wake,  thus  favoring  growth 


T 


I 


Ow 


Fig.  Bl.  Schematic  of  the  crack  configuration  analyzed  in 
Appendix  B. 
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~  Oi/O- 


Normalizad  PoaWon,  y/>v 

Fig.  B2.  Approximate  analytical  wlutioiu  for  crack  tip  and 
cradt  wake  streoee  for  the  crack  geometry  tliown  in  Fig.  B1 
with  various  volume  fractions  of  me^  and  with 
bridging  tractions  taken  to  be  T l.Se.,. 

of  a  single  crack.  Conversely,  at  large  the  maximum 
stress '.  : .  ^ger  in  the  wake,  losing  to  multiple  cracking.  The 
transit’  <n  occurs  aty^»0.6,  for  the  partiailar  value  of  T 
and  the  o.  sck  and  layer  geometries  chosen  here,  for  illustra¬ 
tive  purposes. 


APPENNX  C 

Ckaneteristic  Ctrmtk  Layer  Strength 

For  a  power  law  streagdi  distribution  in  the  brittle  layets, 
the  fraction,  P,  of  flaws  that  can  cause  bilute  at  stress  S  in 
a  vtdume  V  is  given  by 

F(F,S)-^(S/S,r.  (Cl) 

At  the  point  of  cnefc  utmvHim  [I].  5*5^, 

P(y,.S.)~^(SJS,rm\  (C2) 

rt 

where  K,  is  the  vohimeofmaterial  between  the  cracks.  Usiag 
equation  (12),  F,  can  be  reexpscssed  as 


(C3) 
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ABSTRACT 


A  kyered  metal/intennetallic;  consisting  of  Nb  And  Nb^Al,  has  been  synthesized 
using  a  higti-rate  magnetrcm  s]nxtlering  tedinique.  Tile  inianstructuie  and  various 
meduuiical  properties  have  been  explored,  ft  is  demonstrated  tiut  tiie  Mb  phase 
contributes  substantially  to  the  toughness,  tiuou^  plastic  dissipation,  combined  with 
Mctional  sliding  at  contacting  suilaoes.  However,  tiie  tou^mess  is  8ubK>pti2nal,  because 
of  the  small  layer  thickness,  which  limits  tiie  widtii  of  tite  plastic  zone  The  tensile 
strength  is  also  rdatively  low,  because  of  growth  defects.  Some  ocmoepts  for  improving 
tite  strength  and  fracture  resistance  by  taikaing  tiie  constituent  and  interface  properties 
are  suggested. 
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1.  INTRODUCTION 


High  temperature  intermetallic  systems  can  exhibit  high  strei^di  and  creep 
resistance  at  temperatures  above  1000  Cl  However,  diese  materials  are  often  brittle  at 
lower  temperatures.  This  deficiency  has  inhibited  fiteir  use  in  critical  structural 
components.  One  approach  that  enhances  the  fi’acture  resistance,  while  retaining  hi^ 
temp^ature  strength,  involves  fite  incorp(»ration  of  a  refiactory,  ductile  metal.  For 
example,  it  has  been  dononstrated  that,  by  incorporating  niobium  into  HAl,  the 
fracture  resistance  could  be  enhanced  by  a  Mctor  of  three.^'^  Moreover,  it  now  appears 
feasible  to  tailor  the  ooerall  mechanical  properties  by  using  dual-phase  systems.  One 
dual-phase  morphology  that  has  demonstrated  particular  potential,  consists  of 
alternating  layers  of  intermetallic  and  metaL^  In  this  case,  the  fracture  resistance 
exceeds  that  of  the  intermetallic,  because  ligaments  of  file  ductile  phase  plastically 
streteh  to  failure  during  crack  extension  and  therday,  dissipate  energy.^-*/  7-l0 
Moreover,  file  intermetallic  is  expected  to  provide  good  creep  strength,  by  supporting 
the  loads  imposed  at  elevated  temperature.!^  One  potential  problem  is  the  sensitivity  of 
such  materials  to  fatigue.!^ 

The  present  work  describes  file  microstructure  and  mechanical  properties  of  a 
layered  material  made  by  high-rate  magnetron  sputtering.  Toughening  and 
strengthening  mechanisms  responsible  for  tte  properties  are  explored  using  a 
miaomechanics  approach.  Furfiiennore,  ways  for  improving  file  mechanical 
performance  of  the  composite  through  microstructure  optimizaticm  are  suggested. 


2.  SYNTHESIS 

Vapor  phase  deposition  by  high  rate  magnetron  sputtermg!^  is  a  means  for 
prcxiudng  layered  materials  wifii  low  interstitial  content  The  method  also  provides  file 


IU&Ewm-24Hller4«*TA-Mae  Unnr  fl2n2«Q2«a2  MtfWM 


3 


freedom  to  md^)endently  control  die  ductile  and  intermetallic  phase  compositions, 
volume  fractions  and  dimensions.  A  schematic  of  the  physical  set-up  (Fig.  1)*  illustrates 
the  two  sputtering  targets  within  a  chamber,  filled  widi  argon.  One  target  contains  pure 
niobium,  while  the  other  comprises  segments  of  aluminum  inserted  with  niobium.  The 
target  composition  may  be  adjusted  by  changing  die  rdative  widdi  of  die  aluminum 
segments.  A  stainless  steel  substrate  which  traverses  between  the  targets  may  be 
preheated.-  using  a  bias  current,  in  order  to  control  diffusion  during  deposition.  A  tri¬ 
layer  (titanium-copper-titaniurrO  release  coating  was  deposited  before  sputtering.  This 
procedure  was  used  to  deposit  Nb/NBsAl  microlaminates  onto  polished  stainless  steel 
substrates.14 

The  Nb/Nb3Al  system  was  chosen,  after  inspecting  die  phase  diagram  (Rg.  2), 
because  the  two  phases  are  compatibles^  and  have  mdting  temperatures  above  20(X)”C 
The  properties  of  these  constituents  are  summarized  in  Table  I.  The  equilibrium  phase 
of  Nb  has  a  bcc  unit  cell  with  lattice  constant,  a  =  033  ran.  The  Nb3Al  phase  has  the 
A15  (space  group  Pm3n)  structure,  in  equilibrium,  with  lattice  constant,  a  »  0.5183  run. 
However,  Nb^Al  has  a  tendency  to  form  a  metastable  bcc  structure  if  the  atomic 
mobility  is  limited. 

The  level  of  oxygen  contamination  had  to  be  carefully  controlled  because  oxygen 
afreets  the  ductility  of  the  metal  phase.S^  The  oxygen  content  depends  on  the  residual 
oxygen  vapor  prressure  in  the  system  fin  the  form  of  H2O  and  CO)  as  well  as  the  rate  of 
deposition.  At  die  deposition  rate  chosen  for  diis  study  (58  A/s),  an  oxygen  partial 
pressure  <  5  x  10*7  torr  was  required  to  ensure  an  oxygen  content  in  the  multilayers 
below  the  delectability  level  for  Auger  electrcm  spectroscopy  (<  03  at  %). 


*  An  MRC  603  magnetron  sputterii^  system,  with  Inset  magnetron  cattiodes. 
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3.  MICROSTRUCTURE 


The  composite  consisted  of  34  layers  Mb  and  33  layers  of  Nb^Al,  having  a  total 
thickness  of  145  pm.  Ilie  microstructureof  theasnleposited  composite  was  ecamined 
by  both  scanning  electron  microscopy  (^M)  and  transmission  dectron  microscopy 
(TEM).  The  SEM  images  were  hig^ilighted  by  using  die  back-scatter  mode  in  order  to 
enhance  phase  contrast  (Rg.  3).  In  this  manner,  die  thicknesses  of  the  Nb  and  Nb^Al 
layos  were  found  to  be  1.6  and  2.4  pm,  respecdvdy.  The  interface  appeared 
convoluted,  but  continuous,  without  apparent  mterfadal  porosity.* 

Electron  transparent  samples  suitable  for  TEM  examination  were  prepared  by 
laminating  several  3  mm  wide  layers  of  the  composite  in  epoxy,  as  described 
elsewhere.l6  Standard  dimpling  and  ion  milling  were  used  to  produce  specimens  diat 
were  examined  in  a  JEOL  200FX  microscope  operated  at  200  kV  equipped  with  a  Link 
Analytical  eXL  EDS  (energy  dispiersive  X-ray)  system.  The  TEM  images  revealed  a 
columnar  grain  structure  over  the  entire  electnm  transparent  regicm  (Hg.  4).  The 
interfaces  consisted  of  well-defined  facets  (Fig.  5(0,  with  facet  planes  being  (110),  in  the 
Nb,  as  well  as  the  NbsAL  Diffraction  patterns  akmg  [Oil]  (Fig.  5b)  indicate  diat  die  Nb 
is  in  the  ecjuilibrium  bcc  state.  However,  die  NbsAl  is  completdy  disordered,  consistent 
with  die  deposition  temperature  being  sutetantially  below  die  Tq  curve  (Fig.  2). 
Moreover,  the  limited  mobility  of  both  Nb  and  A1  atoms,  at  the  deposition  temperature, 
ensures  rdatively  high  stability  of  the  metastable  phase  and  is  also  consist^t  with  die 
Nb  layers  having  no  detectable  A1  (Fig.  5^. 


*  The  voids  observed  in  the  Nb  phases  are  caused  by  pdishing  because  the  Mb  frfiase  is  much  softer  and 
prone  to  abrasion. 
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4.  MECHANICAL  BEHAVIOR 

4.1  Specimen  Preparation 

Fbr  initial  evaluation,  flexural  testing  was  performed,  wifli  the  material  still 
attached  to  die  substrate.  For  fliis  purpose,  beams  wifli  nominal  dimensions 
30  X 1 X  25  mm  were  prepared  from  the  panel  by  using  a  low-^Teed  diamond  saw.  The 
side  and  top  faces  were  polished  to  1  flm  in  order  to  reveal  the  microstructure  and  to 
facilitate  observation  of  damage  evolution  during  testing.  Tlie  beams  were  tested  in  face 
and  edge  orientations  CBg.  6a).  In  the  first,  tiie  layer  planes  were  located  on  the  tensile 
face  of  the  beam.  In  this  case,  the  material  esperiences  a  relatively  unifcmn  tensile  stress, 
because  of  the  small  thickness  ratio  of  the  layered  material  to  flie  substrate  (Fig.  6b).  In 
some  of  these  specimens,  a  groove  (~  10  )im  deep)  was  introduced  by  sliding  a  lOioop 
indentor  across  the  tensile  face,  subject  to  a  load  of  2N.  In  flie  second  orientation 
(Hg.  6b),  flie  layers  were  located  on  the  side  face.  This  test  arrangement  allowed  crack 
extension  to  occur  stably,  due  to  flie  decreasing  tensile  strain,  as  the  crack  approaches 
the  neutral  axis. 

Other  test  procedures  required  that  the  layered  material  be  removed  frmn  flie 
substrate.  This  was  achieved  by  using  nitric  acid  wifliin  an  ultrasonic  device  to  dissolve 
the  buffer  layer.  Three  types  of  ten^e  specimen  were  prepared  (Hg.  6c).  Standard  dog- 
bone  specimens  were  used  to  ciuu'acterize  the  elastic  properties  and  flie  fracture 
strength.  Edge-notched  and  center-notched  pedmens  were  used  to  measure  the 
fracture  resistance  prcperties,  as  well  as  to  study  the  failure  medianisms.  In  all  cases,  in 
order  to  facilitate  gripping,  tabs  were  boncted  to  the  specimen  ends. 

4.2  Results 

Three-point  flexure  tests  vrith  the  substrate  attached  were  conducted  in  situ  in  flie 
SEM,  at  low  strain  rates  (^  10^  s*i).  At  various  stress  levels,  the  side  faces  were 
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oomprehensivdy  inspected.  The  load  was  dien  incrementally  increased  until  failure 
occurred.  Load/displacement  curves  indicated  nonlinearity  at  ~  350  MPa,  associated 
with  the  plastic  yielding  of  the  stainless  sted  substrate.  The  final  rupture,  which  was 
unstable,  coincided  widi  failure  of  the  layered  material  at  ~  370  MPa,  followed  by 
decohesion  of  the  layered  material  from  the  substrate.  Similar  tests  on  scratched  beams 
gave  identical  load-deflection  curves.  Failure  did  not  occur  fiom  the  flaw  introduced  by 
scratching.  Tensicm  tests  (Table  H)  gave  strengths  significantly  lower  than  those 
obtained  in  flexure. 

In  die  second  flexural  configuration,  stable  crack  extension  was  evident  on  the 
bevelled  sections  (Hg.  7a).  Crack  propagation  occurred  predtuniiumtiy  along  the  grain 
boundaries  in  both  phases,  resulting  in  an  irregular  crack  patii.  Grade  surface  contacts 
were  evident  at  some  locatimis  (Hg.  7b). 

Tension  testing  on  notched  spedmens  was  produced  by  introducing  a  fatigue 
precrack.  This  was  achieved  by  sul^ecting  the  specimen  to  a  cydic  load  with  ru>minal 
stress  intensity  range,  AKi  »  5  MPaV^,  and  load  ratio,  R  »  0.1.  After  a  precrack  had 
extended  ~  0.5  mm,  tiie  specimen  was  subjected  to  a  monotanically  increasing  load  and 
crack  growtii  monitored  with  an  optical  microscope.  Initial  crack  extension  was  foimd 
to  be  stable  and  a  resistance  curve  recorded  for  tiie  edge  orientation  (Fig.  8). 

In  order  to  estimate  the  flow  strength  of  tite  Mb  in  the  layered  materials.  Go,  a  Nb 
layer  ~  25  )im  tiuck  was  deposited  onto  a  substrate  witii  exactly  tiie  same  conditions 
used  to  prepare  the  laminate.  Microhardness  tests  were  performed  with  indentation 
loads  ranging  between  20  and  50  mN.  These  loads  ensured  that  the  penetration  depth  of 
the  indentor  was  small  compared  with  tiie  layer  thickness.  These  measurements  gave  a 
hardness  Hv  «  590  MPa,  indicative  of  a  flow  strengtii,!^  Go  •>  Hv/3  •  200  MPa. 
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5.  POST-TEST  OBSERVATIONS 


A  study  of  die  fracture  surfooes  U8fi%  scanning  electron  mioosoopy  revealed  large 
processing  flaws  at  the  failure  origins.  Tliese  had  conical  morphology  and  were 
~  200  pm  in  diameter  (Hg.  9).  Higher  rescdution  images  indicated  brittle  fracture  in  the 
NbjAl  phase  and  ductile  rupture  of  die  Nb(Hg.  10).  fri  die  NbjAl,  crack  growth 
occurred  along  the  columnar  grain  boundaiies^because  diese  boundaries  contain  voids, 
which  diminish  their  crack  growth  resistance.  Moreover,  die  disordered  state  of  the 
NbsAl  probably  results  in  enhanced  britdeness. 

Ductile  failure  of  the  Nb  involved  mioovoid  coalescence.  These  voids  had  a 
morphological  connection  widi  the  ooltmmar  grain  boundaries.  Consequendy,  the 
plastic  stretch  depended  on  the  specimen  orientation.  When  die  oradc  extended  normal 
to  die  grain  growth  direction,  die  plastic  stretdi  was  relativdy  laige,  widi  Uc  -*  13  pm . 
Conversely,  when  the  crack  extended  along  die  grain  direction,  die  Nb  failed  with 
reduced  stretch,  Uc  «  0.6  pm. 


6.  ANALYSIS 

6.1  Crack  Growth  Resistance 

The  preceding  observations  suggest  die  mechanisms  of  dissipation  in  these  layered 
materials,  upon  crack  growth.  One  involves  die  plastic  stretching  of  die  ductile  Nb 
phase  (Fig.  10).  The  odier  relates  to  friction  at  contacts  along  die  crack  surface  (Fig.  7). 
Contributions  to  the  cradc  growth  resistance  frxnn  both  mechanisms  will  be  ocmsidered. 
The  contributicm  from  plastic  stretching  of  the  metal  layers  is  known  to  occur  in 
accordance  widi  a  resistance  curve.  For  a  wdl-bonded  interface,  representative  of  die 
present  system  (Hg.  10),  the  resistance  has  die  following  characteristics.  The 
steady-state  toug^iening  is;  2-47-10 
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Ar,  -  x/.o.t, 


(1) 


where  Go  is  ^  uniaxial  yield  strength^  tm  die  ductile  laya*  diidoiess,  /m  die  metal 
concentration  and  X  die  wcnk  of  rupture  coefficient  For  a  well-bonded  interfiacer 

X  *  This  tough<eninglevd  arises  after  a  cradcextensionlO 


L,  -  0.03icu,^o.  (2) 

Sudi  toughening  superposes  onto  an  initiation  toughness,  The  magnitude  of  To 

dqiends  on  the  crack  orientation.3  For  the  edge  orientadon,  die  toughness  of  the 
intermetallic  dictates  To*  For  the  face  (mentation.  To  is  larger.^  It  is  assumed  diat 
Nb3Al  has  a  toughness  similar  to  other  brittle  aluminides3<8  (Table  D.  Consecjuendy,  in 
die  edige  (irieritation,  dto  reststanoe  behavior  for  die  layered  material  can  be  pmiicted 
from  Eqris.  (1)  and  (2).  For  this  purpose,  Uc  is  given  by  die  experimental  measurements 
and  Go  inferred  from  die  hardness  measurements.  The  simulated  resistance  curves 
(Hg.  8)  are  found  to  be  consistent  widi  die  esqierimental  data,  for  Grade  extensions  tp  to 
- 1 00  pm.  The  sub6e(]uendy,  continually  rising,  portion  of  die  resistance  curve  reflects 
the  tractions  occurring  at  crack  face  oontacts^^  (Hg.  7).  These  (xxnir  at  larger  crack 
extensions  and  operate  over  a  substantial  spatial  range. 

6.2  Strengths 

By  using  die  measured  fracture  resistance  (Rg.  8)  in  oonjunetkm  widi  an  initial 
flaw  size  related  to  the  growth  faults  (Fig.  9),  a  tensile  strengdi  rruiy  be  predicted  using 
the  formulae  summarized  on  Table  nL  For  a  flaw  size,  ao  s  1(X)  pm,  the  predicted 
strengdi,S  ■>  600  MPa.  This  is  appreciably  larger  than  the  measured  value  (TaUe  ID. 
This  discrepancy  suggests  either  that  there  are  residual  tensile  stresses  induced  around 
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the  growth  flaws  or  that  the  initial  crack  growth  renstanoe  of  tile  material  around  tfiese 
flaws  is  less  than  that  found  by  introducing  a  precradc.  Further  study  would  be  needed 
to  distinguish  these  possibilities. 


7.  CONCLUDING  REMARKS 

The  mechanical  properties  of  tile  present  material  are  limited  by  growth  flaws.  Die 
relatively  small  lengtii  scale,  which  controls  plastic  dissipation  during  cradc  growth, 
may  also  limit  the  fracture  resistance.  Botii  phencnnena  can  be  addressed  by  contrcdling 
tile  deposition  and  by  dianghig  the  oonstitiient  diaracteristics.  Enhanced  plastic 
dissipation  could  be  accomplished  in  several  ways.  One  involves  tiie  use  of  periodic^ 
tiiick  (-10  |ixn)  Nb  layers  interspersed  among  the  - 1  pm  tiiidc  layers.  Die  dissipation 
within  tiiis  thicker  layer  should  scale  with  the  increased  layer  tiiidcness  (Eqn.  1). 
Additional  ncm-linear  mechanisms  may  also  be  found.  Alternately,  thin  (-  0.1  pm) 
interphases  might  be  introduced  tiiat  induce  ddxmding,  in  order  to  spread  tiie 
dissipation.3<4«B  Alloying  of  tiie  Nb  to  increase  its  yield  strength  witiiout  degrading  its 
ductility  would  also  be  beneficial  to  the  tou^mess.  foqperimental  study  of  these 
concepts  is  in  progress. 
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TABLE  I 


Properties  of  ConeUtnente 


Materiel  Properties 

Nb 

Nb9Al 

Young's  modulus  (in^dane),  E  (GPa) 

105 

135 

Poisstm's  ratio,  V 

0.4 

0.25 

Yldd  strength,  Oq  (MPa) 

195 

650 

Fracture  toug^mess,  Ko  (MPaV^  ) 

— 

~4* 

Melting  temperature,  Tm  (**Q 

2469 

1940 

Thermal  ej^Nuiskm  coefficient,  O  (C*^) 

7xVy6 

Crystal  structure 

bcc(A2) 

A15* 

Lattice  constant,  a  (nm) 

05183 

t  lypicd  vahie  for  britfle  inlennettfUGB.* 

**  NbjAl  his  an  A15  cubic  structure  as  Its  equflJbrtam  phase.  However,  NbsAl  cm  abo  be  in  a  metaslaMe 
phase,  having  a  partially  ordered  boc  structure,^  as  is  observed  in  flds  stucty. 
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TABLE  II 


Strength  Properties  of  Composites 


Material  Properties 

Tensile 

Flexure 

Young's  modulus  (in-plane),  E  (GP^ 

126 

124 

Poisson's  ratio,  V 

027 

— 

Ultimate  strength,  S  (MPa) 

250 

350 
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TABLE  III 


Formulae  Needed  to  Predict  Strength 


K  ■  ^  *  (2/Vi)<iV».  +  Aa  (1) 

K  «  K,  -  ^  (2) 

dK/da  s  dKi/dAa  (3) 

a  *  a,  +  Aa  (4) 
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FIGURE  CAPTIONS 


Hg.  1.  Schematic  of  tfieiiuigiietixmsputterixigai^Maatus. 

Fig.  2.  Phase  diagram  for  the  Nb-Al  system. 

Hg.  3.  SEM  back-scatter  aoss-secticnal  micrograph  reveals  die  layered 
microstructure,  Nb/Nb^. 

Fig.  4.  Low  magnification  TEMinicrogrq>h  shows  die  ccdumnar  grain  structure 

continually  grown  throu^  b(Mh  the  Nb  and  NbjAl  layers  Qnterfiioe  indicated 
by  the  arrows). 


Hg.  5.  a) 

b) 

c) 


Bright  field  image  indicates  epitaxial  grain  growth  across  the 
metal/intennetallic  interface. 

Diffraction  patterns  of  two  areas  indicated  on  the  TEM  picture. 

EDS  spectra  of  the  two  areas  adjacent  to  die  interface. 


Hg.  6.  a)  Typical  loading  modes. 

b)  Three-point  flexure  specimen  configurations. 

c)  Tensile  specimen. 


Fig.  7  a) 
b) 


Crack  path  after  stable  cradc  extension. 
Crack  surface  contact 


Fig.  8.  Fracture  resistance  obtained  using  a  oenter-notdi  tensile  spedmert  Also  shown 
are  the  resistance  curves  predicted  for  plastic  stretching  of  the  Nb. 

Fig.  9.  Flaws  revealed  on  the  fracture  surface  by  SEM. 

Hg.  10.  a)  SEM  of  a  typical  fracture  surface  after  quasi-static  fracture  (arrow 
indicates  crack  |nopagation  directicm). 

b)  Failure  mechanisms  in  Nb  ductile  layer  showing  ductile  tearing  and 
ductile  dimples  in  the  Nb  phase. 

d  Reduced  plastic  stretch  in  Nb  layers  when  grain  boundary  porosity  is 
present 


KJfrewwa»lter  M»TA4llcw  Unnr  fl2n2a2«a2  MIW7/98 


16 


Figure  1 .  Schematic  of  system  for  synthesizing  laminated  metal  -  Intermetallic 
composites  by  alternate  sputtering  from  two  targets. 


CWuONR 


Oo  9jniej9diu8i 


I 

I 


Figure  3.  SEM  back>scatter  cross-sectional  micrograph  reveals  the  layered 
microstructure,  Nb/NbsAI. 


Figure  4.  Low  magnification  TEM  micrograph  shows  the  columnar  grain  structure 
continually  grown  through  both  the  Nb  and  NbsAI  layers  (interface 
indicated  by  the  arrows). 


Figures  c)  EDS  spectra  of  the  two  areas  adjacent  to  the  imerface 


b)  Flexure 


Face 
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T7 

Layered  Materials 
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Figures,  a)  Typical  loading  modes. 

b)  Three-point  flexure  specimen  configurations. 

c)  Tensile  specimen. 


Figure?,  a)  Crack  path  after  stable  crack  extension, 
b)  Crack  surface  contact. 
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Figure  8.  Fracture  resistance  obtained  using  a  center-notch  tensile  specimen. 

Also  shown  are  the  resistance  curves  predicted  for  plastic  stretching  of 
the  Nb. 
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Figure  9.  Flaws  revealed  on  the  fracture  surface  by  SEM. 


Figure  1 0.  a)  SEM  of  a  typical  fracture  surface  after  quasi-static  fracture 
(arrow  irKiicates  cra^  propagation  direction). 


Figure  10  b)  Failure  mechanisms  in  Nb  ductile  layer  showing  ductile  tearing 
and  ductile  dimples  in  the  Nb  phase, 
c)  Reduced  plastic  stretch  in  Nb  layers  when  grain  boundary 
porosity  is  present. 
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ABSTRACT 


A  novel  testing  technique  has  been  developed  capable  of  measuring  the  interfacial 
fracture  resistance,  H ,  of  thin  ductile  films  on  substrates.  In  this  technique,  the  thin  film 
on  the  substrate  is  stressed  by  depositing  onto  the  film  a  second  superlayer  of  material, 
having  a  large  intrinsic  stress,  such  as  Cr.  Subsequent  processing  defines  a  pre-crack  at 
the  interface  between  the  film  and  the  substrate.  The  strain  energy  available  for  driving 
the  debond  crack  is  modulated  by  varying  the  thickness  of  the  Cr  superlayer. 
Sp)ontaneous  decohesion  occurs  for  sup^-layers  exceeding  a  critical  thickness.  The  latter 
is  used  to  obtain  Pi  from  elasticity  solutions  for  residually  stressed  thin  films.  The 
technique  has  been  demonstrated  for  Cu  thin  films  on  silica  substrates. 
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1.  INTRODUCTION 


The  decohesion  of  interfaces  between  metals  and  non-metals  is  a  critically 
important  technological  issue.  **2  Many  of  the  basic  phenomena  have  been  identified, 
particularly  the  role  of  the  interface  debond  energy.  Pi ,  and  its  dependence  on  the 
loading  mixity,  \|/  (Fig.  The  latter  is  a  measure  of  the  relative  shear  to  tensile 
opening  of  the  interface  crack  surfaces  near  the  tip.  Methods  for  measuring  Fi  have  also 
been  devised  and  calibrated  (Fig.  2).^*7  However,  these  methods  typically  require 
specimens  made  by  using  a  high  homologous  temperature  (T/Tm)  processing  step, 
such  as  the  diffusion  bonding  of  s^mdwich  specimens,  where  T  and  Tm  denote  the 
processing  temperature  and  the  metal  melting  point  respectively  (Fig.  2).  Decohesion 
energy  measiurement  methods  for  interfaces  that  have  only  experienced  low 
temperature  upon  fabrication  are  subject  to  ambiguity  in  interpretation.  For  example,  in 
peel  tests,  there  is  a  complex  convolution  of  the  plastic  dissipation  associated  with  film 
deformation  and  the  actual  decohesion  energy  for  the  interface,  Fj.^  Moreover,  the 
mode  mixity  is  not  representative  of  that  for  most  situations  of  practical  concern,  such 
as  thin  film  decohesion. 

The  present  article  addresses  several  of  the  current  deficiencies  by  devising  a  new 
test  that  has  the  following  attributes.  The  method  can  be  used  for  ductile  thin  films 
deposited  onto  substrates  at  low  T/Tm-  It  has  a  mode  mixity  typical  of  that  associated 
with  thin  film  decohesion  (\|/  *  50®).  The  procedure  can  be  implemented  in  a 
conventional  microelectronics  fabrication  facility. 

Interface  decohesion  occurs  subject  to  several  dissipation  mechanisms.  8- lO 
fundamental  mechanism  involves  the  work  of  adhesion.  Wad  /  which  represents  the 
basic  separation  energy  for  the  bonds  across  the  interface.  In  general,  plastic  dissipation 
Wpi  also  occurs  within  a  plastic  zone  in  the  metal,  as  the  decohesion  extends  along  the 
interface  (Fig,  1).  This  contribution  scales  with  Wad-^'^®  It  also  varies  with  crack 
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extention,  Aa,  leading  to  a  resistance  curve. ^0  This  curve,  in  turn,  depends  on  the  ratio 
of  the  peak  decohes  n  stress  a  to  the  yield  strength  of  the  metal,  Oq  (’^ig.  3).  Moreover, 
Wpi  may  increase  as  the  film  thickness  becomes  larger  and  as  the  mode  mixity  angle 
increases  (Fig.  1).  In  some  cases,  whtn  the  interface  is  non-planar,  frictional  effects  can 
also  contribute  to  Fj.^  The  new  test  met'  d  has  been  devised  with  the  intent  of 
systematically  exploring  these  effects  for  metal  thin  films  on  non-metallic  substrates. 


2.  SOME  BACKGROUND  MECHANICS 

The  relevant  mechanics  of  thin  film  decohesion  considers  a  thin  film  subject  to 
residual  tension,  Oy,  on  a  thick  substrate  (Fig.  4).  The  energy  release  rate  associated  with 
an  interface  decohesion,  originating  from  an  edge  (or  discontinuity)  attains  a 
steady-state  value,  ^ss/  provided  that  the  decohesion  length,  Hq,  exceeds  the  film 
thickness.  Moreover,  since  all  of  the  stress  in  the  film  above  the  decohesion  is  released, 
the  non-dimensional  energy  release  rate  for  a  thin  strip  is  3/12 

-  1/2  (1) 

where  Ey  is  the  Young's  modulus  for  the  film  and  hyis  the  film  thickness.  The 
corresponding  mode  mixity  is,  \|/  =  52°.  The  thin  film  test  method  should  duplicate  this 
mode  mixity.  For  a  wiae  strip  (width  w  >  hy),  the  residual  stresses  are  biaxial  and  the 
revised  steady-state  energy  release  rate  is  3 

=  1-Vf  (2) 
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where  v,  is  the  Poisson's  ratio  of  the  film.  At  smaller  decohesion  lengths  (aQ  <  hy),  the 
energy  release  rates  depend  on  the  details  of  the  edge.3-l2  jhg  prefered  test  method  should 
avoid  these  edge  problems  by  only  using  decohesion  precracks  within  the  steady-state  range . 

For  a  bilayer  film,  interface  decohesion  leads  to  bending,  whereupon  some  energy 
is  stored  in  the  film  above  the  decohesion.  Consequently,  the  steady-state  energy  release 
rate  is  reduced.  The  new  value,  as  derived  in  the  Appendix,  is 


where  i  =  1,2  refers  to  the  two  materials  in  the  bilayer.  The  load  P  associated  with  the 
residual  tension  Oi  in  each  layer  (Fig.  4)  can  be  expressed  in  terms  of  the  curvature  of 
the  decohered  bilayer,  k,  the  film  thickness,  hi  ,  and  the  biaxial  elastic  moduli, 
e;  =E,/(l-v.),asl3 

p  =  (4) 

.  6(h,  +h2) 


with  K  given  by 

^  _  _ 6(hi  +  h;)  (Ei  —  £2) _ 

[hf  +  E,h5/E;h,  +  E;hf/E>,  +  +  3(h,  +  h,)'] 

where,  Ei  =  ai/E-.  The  bending  moment,  Mj  (Fig.  4),  is  given  by 
M.  =  e;i,k 

where  li  is  the  moment  of  inertia,  I,  =  hf /12 . 
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3.  THE  METHOD 


A  key  consideration  for  development  of  a  method  concerns  the  mode  mixity,  \|/.  In 
order  to  maintain  y  in  the  requisite  range,  there  are  few  options  for  loading  the  system. 
Among  these,  the  only  approach  that  appears  to  be  straightforward  involves  the  use  of 
a  residual  stress  which  essentially  duplicates  the  problem  of  interest.  However,  for 
typical  thin  Hlms  (hy  <  1  pm),  and  representative  residual  stress  levels  (o^  <  100 MPa), 
the  residual  stress  induced  energy  release  rate  is  small  (Eqn.  1),  of  the  order, 
^ss  *  0-1  Most  interfaces  with  practical  interest  would  have  a  debond  energy 
substantially  larger  than  this.®  Consequently,  decohesion  would  not  be  induced.  The 
prefered  test  method  must  identify  a  procedure  that  substantially  increases  ^ss/  without 
changing  y,  while  also  preserving  the  structure  and  microstructure  of  the  interface. 

A  method  that  increases  the  energy  release  rate,  at  essentially  constant  y,  involves 
def)osition  of  an  additional  material  layer  onto  the  film.  This  superlayer  increases  the  total 
film  thickness  and  also  elevates  the  residual  stress  without  changing  the  interface.  In 
order  to  accomplish  this,  the  additional  layer  must  be  deposited  in  accordance  with  the 
following  three  characteristics.  Deposition  must  be  conducted  at  ambient  temperature. 
The  layer  must  not  react  with  the  existing  film.  The  layer  must  have  a  large  residual 
tension,  upon  deposition.  A  Cr  film,  depos’ted  by  electron  beam  evaporation,  meets  all 
three  criteria.ll 

The  new  test  method  has  the  following  three  features,  (i)  A  decohesion  precrack  is 
created,  with  length  ag  >hy.  (ii)  The  film  is  patterned  to  form  narrow  strips,  (iii)  The  Cr 
film  thickness  is  varied  in  order  to  produce  a  range  of  energy  release  rates.  In  order  to 
provide  these  features,  a  thin  strip  of  carbon  is  first  deposited.  This  layer  is  the  source  of 
the  interface  precrack  (Fig.  5).  The  film  of  interest  is  then  deposited.  Subsequently,  a  Cr 
layer  with  the  requisite  thickness  is  deposited  onto  the  film.  Thereafter,  the  bilayer  is 
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patterned  to  form  strips  orthogonal  to  the  carbon  lines.  Finally,  the  strip>s  are  severed 
above  the  C.  The  latter  step  creates  the  edge  needed  to  induce  an  energy  release  rate 
(Fig.  5).  The  half-width  of  the  carbon  line,  Hq  ,  defines  the  pre-crack  length.  When  the 
strips  decohere  after  severing,  the  energy  release  rate  exceeds  the  debond  energy,  i.e., 
^ss  >  Ti.  Conversely,  when  the  film  remains  attached,  ^ss<  F i.  Consequently,  F i  is 
determined  from  the  aitical  Cr  layer  thickness  above  which  decohesion  always  occurs, 
designated  he.  The  bilayer  solution  (Eqn.  3)  then  relates  Fi  to  the  critical  Cr  thickness  by 
using  the  equalities:  ^ss  =  F,  and  hi  =  he- 

4.  EXPERIMENTAL  PROCEDURE 

A  flow  chart  of  the  overall  procedure  is  presented  on  Fig.  6.  Deposition  and 
photolithography  are  conducted  in  a  clean  room  facility.  Residual  stresses  are  measured 
from  beam  deflections.  Then,  film  severing  above  the  precrack  is  conducted.  The  films 
are  inspected  to  assess  the  critical  thickness,  he.  Finally,  this  critical  thickness  is  used  to 
determine  F}. 

4.1  Deposition  and  Patterning 

Preliminary  experiments  have  been  carried  out  by  using  evaporated  copper  films 
and  glass  substrates.  The  choice  of  copper  is  particularly  attractive  due  to  its  emerging 
importance  as  an  interconnect  material.  It  is  expected  to  replace  aluminum  for  deep 
sub-micron  metal  line  widths,  because  of  its  superior  conductivity  and  higher  resistance 
to  electromigration.  All  processing  steps  are  carried  out  in  Class  100  and  Class  10,000 
clean  room  facilities.  Careful  substrate  cleaning  is  essential.  For  this  purpose,  the  glass 
substrates  (Corning  0211)  are  solvent  cleaned  in  trichloroethylene,  acetone  and 
isopropyl  alcohol  in  order  to  remove  organic  contaminants.  Then,  they  are  water 
cleaned,  followed  by  etch-cleaning  in  buffered  hydrofluoric  acid,  in  order  to  remove  all 
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inorganic  contaminants.  Finally,  they  are  rinsed  in  deionized  water  and  dried.  The 
carbon  release  layer  is  thermally  evaporated  (thickness  ~  2(X)A)  onto  the  substrate  and 
patterned  to  the  desired  geometry  (Fig.  5)  by  using  a  bilayer  photolithography 
technique.  Pure  copper  (99.999%)  is  then  deposited  by  electron  beam  evaporation  at  a 
background  pressure  »  8  x  lO*^  torr.  Thereafter,  the  chromium  superstructure  layer 
(99.9%  pure)  is  evaporated.  An  in  situ  quartz  monitor  is  used  to  control  the  deposition 
rate  (Cu  ~  loA/s,  Cr  -  lA/s)  and  the  film  thickness.  Subsequent  lift-off  defines  the 
metal  line  geometry.  Finally,  a  through  cut  is  made  in  the  metal  bilayer  by  wet  etching. 
An  optical  micrograph  of  a  processed  test  specimen  is  shown  in  Fig.  7. 

4.2  Residual  Stress  Measurement 

The  residual  stress  is  measured  by  using  a  standard  procedure  which  relies  on 
curvature  determination  on  the  film/substrate  system.^S  For  this  purpose,  a 
profilometer  is  used  to  measure  substrate  curvature.16  The  profilometer  uses  a  metallic 
stylus,  which  is  horizontally  scanned  while  its  vertical  movement  is  converted  to  an 
electrical  signal.  The  substrate  often  has  an  initial  curvature.  Therefore,  two  scans  are 
made  in  order  to  measure  the  bending  deflection  of  the  substrate.  These  are  made  both 
with  (5i)  and  without  (82)  the  film  attached.  The  residual  stress  in  the  film  is  related  to 
these  displacements  by, 

3(l-v.)L'h, 

where  L  is  the  length  of  the  profilometer  scan,  hj  is  the  substrate  thickness  and  Es 
are  the  substrate  Young's  modulus  and  Poisson's  ratio,  respectively.  This  procedure  is 
used  to  evaluate  the  residual  stress  in  the  Cu  and  then  the  residual  stress  in  the  Cr 
deposited  onto  the  Cu. 
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5.  RESULTS 


5.1  Residual  Stress 

Residual  stress  measurements  have  been  performed  on  a  batch  of  four  samples 
with  the  same  nominal  Cu  thickness  (4425A)  and  with  four  Cr  thicknesses;  220A,  445A, 
660A  and  900A.  On  each  sample,  five  profilometer  scans  were  made  before  and  after 
removing  the  film  from  the  substrate.  A  least  square  regression  fitting  to  the  data  gives 
the  deflections  (5i  and  82)  and  their  respective  standard  deviations.  The  film  thickness 
is  also  obtained  from  the  scans.  The  substrate  thickness  is  measured  with  a  digital 
micrometer.  The  stresses  obtained  in  this  manner  are  plotted  on  Fig.  8,  which  indicates 
that  the  residual  stresses  in  the  Cu  and  Cr  layers  are  50  MPa  and  1575  MPa, 
respectively,  while  the  standard  deviations  are  ~  3%. 

5.2  Interfacial  Fracture  Energy 

For  a  glass  substrate  with  a  0.444m  thick  Cu  film,  the  results  are  summarised  on 
Fig.  9.  When  the  Cr  superlayer  was  either  22nm  or  45nm  thick,  the  bilayer  remained 
attached  to  the  substrate  (Fig.  10).  Conversely,  when  the  Cr  layer  was  90nm  thick, 
decohesion  occured  followed  by  curling  of  the  film  (Fig.  10).  Consequently,  he  is 
between  45nm  and  90nm.  By  introducing  these  values  into  the  energy  release  rate 
formula  for  the  bilayer  (equation  3),  boimds  are  placed  on  the  interface  fracture  energy. 
For  this  purpose,  the  elastic  modulus  of  the  film  is  needed.  Generally,  polycrystalline 
thin  hlms  can  have  a  lower  modulus  that  the  bulk  material,  because  of  porosity  at  the 
boundaries  of  the  columnar  grains.  Consequently,  for  completeness,  independent 
measurement  of  Ey  would  be  needed.  Such  measurement  have  yet  to  be  performed  in 
this  study.  Instead,  literature  values  of  polycrystalline  Cu  and  Cr  thin  films  are  used  (Ey 
=  120  GPal7  and  93  GPa,^®  respectively).  With  these  choices  for  Ey,  the  bounds  on  the 
interface  fracture  energy  are,  0.3  <  <0.8Jm“^.  Earlier  study  of  Cu/Glass  interfaces, 


KJS-Evans-7*O-De*TA-0chsn  Enroy  93/03/17*1:31  PM*3/i9/93 


9 


produced  by  diffusion  bonding  and  annealing,  indicated  that  Ti  usually  ranged 
between  0.14  to  4  Jm"^  (the  highest  being  8  Jm"^  j^e  scatter  was  attributed  to 
surface  contaminants,  which  influenced  the  bonding.  The  present  results  are  at  the 
lower  end  of  this  range.  Such  results  are  consistent  with  the  absence  of  an  annealing 
step,  in  the  present  study,  leading  to  a  more  pronounced  influence  of  minor 
contaminants.  These,  in  turn,  reduce  the  potential  for  a  contribution  to  F i  from  plastic 
dissipation  in  the  Cu.  Furthermore,  the  present  values  are  compatible  with  the  work  of 
adhesion  (Wad  =  (^-5  Jm"2)  for  liquid  Cu  on  SiO2.20 

6  CONCLUDING  REMARKS 

A  new  test  procedure  for  measuring  the  interface  decohesion  energy  F j  of  metallic 
thin  films  on  non-metallic  substrates  has  been  devised,  analyzed  and  demonstrated.  The 
procedure  duplicates  the  conditions  found  upon  decohesion  induced  by  residual  stress. 
The  measured  values  of  Fi  may  thus  be  used  directly,  in  conjunction  with  the  mechanics 
of  thin  films  in  order  to  predict  such  factors  as  the  critical  film  thickness.  Moreover,  the 
method  allows  a  systematic  study  of  trends  in  F i  with  the  key  deposition  and  post¬ 
deposition  variables.  These  include  the  effect  of  contaminants,  of  active  metal  layers,  of 
annealing,  electric  fields,  etc.  Studies  are  now  in  progress  which  will  apply  the  new 
method  to  these  basic  issues. 

Finally,  since  the  value  of  Fj  obtained  from  these  tests  are  subjected  to  knowledge 
of  the  elastic  properties  of  the  bilayer  film,  simple  acoustic  procedures  for  measuring 
these  properties  are  being  implemented. 
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APPENDIX 


THE  STRAIN  ENERGY  RELEASE  RATE 

Inteifacial  decohesion,  motivated  by  residual  stresses  in  deposited  thin  film  layers,  occurs  subject 
to  a  the  steady  state  strain  energy  release  rate,  when  the  interfacial  flaw  size,  ao,  exceeds  the 
film  thickness.^  For  thin  film  systems  a  strain  energy  balance  may  be  used  to  calculate 

wherein  two  elements,  having  width  are  chosen  far  ahead  and  far  behind  the  growing 
inteifacial  crack  (Fig.  Al).  If  Ua  and  Ub  denote  the  strain  en^gies  in  these  volume  elements, 
then 


^.Aa=:U.-U,  (Al) 

This  result  applies  provided  that  the  substrate  thickness  is  much  larger  than  the  film  thickness. 
The  element  far  ahead  of  the  crack  tip  is  in  biaxial  plane  stress, 

ai=a;  =  Oi; 

ai=eiEi/(l-\)i)  =  eiE;; 

<=<y='^r^=<=0  (i  =  1.2)  (A2) 

where  0^,02  residual  stresses  in  the  two  layers  and  EpEj  the  corresponding  residual 

strains.  The  elastic  strain  energy  density  associated  with  each  layer  (i  =  1, 2),  per  unit  width,  is 

AUi/h.Aa  =  -i  (A3) 

where  E^  are  the  biaxial  moduli  of  the  film  layers.  Consequently,  for  a  bilayer 
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U.sIAUi 


(A4) 


When  both  layers  are  in  residual  tension  (as  in  the  present  experinsent)  and  when  £,  >  E2,  the 
film  bends  upwards  after  decohesion  in  an  attempt  to  relax  the  strains  (Fig.  4).  The  resultant 
stresses  in  each  layer  can  be  related  to  the  forces.  Pi,  moments.  Mi,  and  curvature,  k,  defined  in 
Fig.  5,  by  13 


ai(z)  =  Pi/hi  +zE.k; 

E;K=Mi/Ii; 

I,=hf/12  (A5) 


where  z  now  denotes  the  vertical  distance  from  the  neutral  axis  in  each  separate  layer,  whereas  li 
are  the  sectional  moduli.  The  strain  energy  is  then  3 


It  is  now  required  to  provide  expressions  that  relate  Pi,  Mi  and  k  to  the  stresses  and  the  film 
thicknesses,  by  using  beam  theory.  For  a  bilayer,  this  procedure  provides  five  linear  equations 
involving  the  five  unknowns,  namely  Pi,  P2,  Mi,  M2  andK.  Equilibrium  dictates  that,  for  a 
bilayer 

iPi  =0:  =»  P,=P,  =  P 

IM;  =0;  =»  M|+M;=Pr*'l|-''’j  (A7) 
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GecHiietry  requizes  that. 


M|=e;IiK 
M2  =  Ejl2K 

Strain  compatibility  at  the  interface  gives 

-e,+-S-+^  =  -e, — S ^ 

E,h,  2  "  Ejhj  2 

In  this  case,  analytical  solutions  for  P,  Mi  and  k  are  obtained  as^^ 

m,=e;i,k 


The  strain  energy  release  rate  is  then  (i  =  1, 2) 


(A8) 


(A9) 


(AlO) 


(All) 


The  above  result  can  be  generalized  for  a  multilayer  film  (i  =  1,  2,  3, . n).  The  number  of 

unknowns  is  2n+l,  because  each  layer  has  two  (a  force.  Pi,  and  a  moment.  Mi)  in  addition  to  the 
curvature,  k,  of  the  film  after  decohesion.  The  solution  requires  2n+l  linear  equations.  The  first 
two  stem  from  equilibrium  considerations 
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IFORCE  =  0;  =»?!  +  P2  + ...  +  Pn  =  0 


(A12) 


a  a-1  +h  ^ 

lMOMENT  =  0;=>SMi  =  IhJ 

i-l  i»l  V  2  k«i+l  j 


(A  13) 


The  next  n  equations  relate  the  moments  to  the  curvature  (i  =  1, 2, ... ,  n) 


Mj  =EjIiK. 


(A14) 


Finally,  the  remaining  n-1  equations  involve  strain  compatibility  at  the  n-1  interfaces.  For  the 
r-th  interface,  this  can  be  expressed  as  (r  =  1, 2,  ... ,  n-1) 


P,  h,K  P,.,  h,.,K 

+  =  - £±1-; 

f  T?  U  T?  1-  •y  * 


E,h,  2 


(A15) 


A  program  needed  to  solve  these  equations  has  been  developed  using  MATLAB. 
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FIGURE  CAPTIONS 


Fig.  1. 

Fig.  2. 
Fig.  3. 

Fig.  4. 

Fig.  5. 
Fig.  6. 
Fig.  7. 
Fig.  8. 
Fig.  9. 

Fig.  10. 

Fig.  Al. 


A  schematic  indicating  the  effect  of  loading  mixity  on  the  interface  fracture 
energy,  Fj.  The  values  used  are  typical  for  metal/oxide  interfaces.  Also  shown 
is  a  schematic  of  crack  growth  with  plastic  dissipation. 

Some  test  methods  used  to  measure  the  interface  fracture  energy. 

Effect  of  metal  yield  strength  on  the  interface  fracture  energy:  Oq  is  the  yield 
strength,  a  the  bond  strength  and  Aa  the  crack  extention  (Tvergaard  and 
Hutchinson). 

A  schematic  showing  the  behavior  of  a  bilayer  film  subject  to  residual  tension 
as  it  decoheres  from  the  substrate.  The  stresses  ai,02  are  the  misfit  stresses, 
which  provide  the  forces  Pi  and  the  moments  Mi  in  the  metal  bilayer  above  the 
decohesion  crack.  The  curvature  of  the  decohered  bilayer  film  is  k. 

The  procedure  used  to  measure  the  debond  energy  of  the  interface. 

A  flow  chart  indicating  the  sequence  used  to  measure  the  debond  energy. 

An  optical  micrograph  of  the  processed  test  specimen. 

A  plot  of  the  total  film  stress  with  the  normalized  Cr  layer  thickness. 

A  plot  of  the  calculated  energy  release  rates  with  the  normalized  Cr  layer 
thickness.  Also  shown  are  the  lines  seperating  the  film  that  decohered  from 
that  which  remained  attached  and  associated  bounds  in  the  interface  fracture 
energy. 

Specimens  providing  the  lower  and  upper  bounds  in  the  fracture  energy,  with 
the  Cr  superlayer  thickness  (A)  hi  =  450A,  below  the  critical  thickness  and  (B) 
hi  =  900A,  above  the  critical  thickness. 

A  schematic  describing  the  energy  balance  approach  to  find  the  strain  energy 
release  rate  for  a  bilayer  thin  film. 
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ABSTRACT 


The  debonding  and  sliding  resistances  of  interfaces  formed  between  Mo  and  AI2O3 
have  been  measured.  The  M0/AI2O3  interface  exhibits  a  relatively  low  interfacial  fracture 
energy,  Fi,  comparable  in  magnitude  to  the  work  of  adhesion.  Wad-  Debonding  appears 
to  occur  with  minimal  plastic  dissipation  in  the  metal.  Hne-scale  plasticity  phenomena 
occurring  near  the  debond,  within  the  Mo,  are  ccmsidered  responsible  for  this  behavior. 
The  sliding  resistance  of  the  interface,  subsequent  to  debonding,  was  found  to  depend  on 
the  shear  3deld  strength  of  the  Mo,  consistent  with  observations  of  plastic  grooving 
during  fiber  pull-out  in  composites  containing  Mo-coated  sapphire  fibers. 
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1.  INTRODUCTION 


The  failure  of  interfaces  between  metals  and  oxides  occurs  by  a  variety  of 
mechanisms.1‘3  In  the  absence  of  reaction  products,  some  interfaces  exhibit  ductile 
fracture.^'4  Others  fail  by  brittle  debonding,  but  with  plastic  dissipation  occurring  in  the 
metal.S'6  When  reaction  products  form  or  interlayers  exist,  the  behavior  is  usually 
brittle.  The  fracture  occurs  either  ttriihin  the  reaction  product  or  at  one  of  die  interfaoes^'8 
(usually,  the  metal/interphase  interface). 

Most  bimaterial  interfaces  produced  at  high  homologous  temperatures  exhibit  a 
fracture  energy.  Pi,  substantially  larger  than  the  work  of  adhesion,  Wad-^'^  Notable 
exceptions  include  the  interfaces  between  AI2O3  and  certain  refractory  metals, 
particularly  These  have  fracture  energies.  Pi  ->  Wad-  phenomenon  has  not 

been  explained.  One  motivation  for  the  present  study  is  to  address  the  origin  of  die  bw 
fracture  energy  foimd  for  the  M0/AI2O3  interface. 

There  are  two  basic  approaches  for  aeating  a  metal/oxide  interfrce  with  a  small 
debond  energy.  These  approaches  are  evident  from  the  basic  correlation  between  the 
work  of  adhesion  and  the  plastic  dissipatitm^^^^ 

r.  -  W^lP(d/aJ  (1) 

where  the  plastic  dissipation  parameter  iP  is  a.  function  of  the  ratio  between  the  peak 
stress,  a,  needed  to  rupture  the  interface  bonds  and  Go,  the  uniaxial  yield  strength  of 
the  matrix.  Calculations  conducted  using  continuum  concepts  predict  variations  in  P 
upon  interface  crack  extension,  Aa  (Fig.  1).U  Qearly,  H  Wad/  when  G/Gq  is  small. 
Moreover,  Wad  b  related  to  the  bond  rupture  stress  by,t0/l2 

W^  -  da,/2  (2) 
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where  a©  is  the  separation  distance  of  atoms  across  the  interface.  From  Eqns.  (1)  and  (2), 
it  is  evident  that  debonding  can  be  encouraged  either  by  having  a  small  work  of 
adhesion,  or  by  using  a  high  yield  strength  metal.  These  properties  can  be  affected  by 
segregation  and  alloying.  Segregation  changes  whereas  alloying  influences  Gq. 
Such  ejects  are  addressed  for  AI2O3/M0  interfaces  by  measuring  Wad  aitd  Go,  and  that 
relating  these  to  measurements  of  n.  In  Mo,  the  strong  influence  of  oxygen  on  flow 
strength  and  ductility,l3  has  special  relevance. 

The  M0/AI2O3  interface  also  has  thormomechanical  characteristics  consistent  with 
those  needed  for  AI2O3  fiber  reinforcem^ts,  which  impart  high  composite  strength,  as 
well  as  good  fracture  and  fatigue  resistance.  13-^6  In  this  application,  not  only  are  small 
values  of  Fj  preferred,  but  also  the  sliding  along  debonded  interfaces  must  occur  wifii  a 
controlled  shear  resistance,  T.  This  study  addresses  measurement  of  and 
relationships  with  the  interface  structure. 


2.  MATERIALS  AND  PROCESSING 

Interfaces  between  Mo  and  either  sapphire  or  polycrystalline  AI2O3  have  been 
investigated.  The  sapphire  used  to  create  these  interfaces  had  two  basic  geometries, 
either  discs  with  basal  plane  orientation,  or  fibers  with  c-axis  orientation.^  In  some 
cases,  polycrystalline  AI2O3  plates,  with  two  difierent  compositions,  have  been  used 
instead  of  sapphire.4=t  Bodies  comprising  Mo-coated  sapphire  fibers  in  polycrystalline 
AI2O3  matrices  produced  from  a  high  purity  powdCT,W  have  also  been  studied. 

Precautions  have  been  taken  to  minimize  the  oxygen  present  in  the  Mo,  by  using 
high  purity  material  and  by  conducting  all  steps  of  the  bonding  in  environments  with 


t  Supplied  by  Sapphikon 
^  Coors  AD-995  and  Gx)rs  AD-96 
Sumitomo  Chemical  Company,  Inc. 
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low  oxygen  partial  pressure.  The  Mo  was  deposited  onto  the  sapphire  either  by 
evaporation  or  sputtering  from  high  purity  (>  99.9%)  targets.  Sputtered  material  was 
deposited  in  an  R.F.  diode  unit,  in  an  atmosphere  that  comprised  research  grade  argon 
at  6  millitorr  working  gas  pressure.  The  top  and  bottom  target  voltages  were 
maintained  at  3kV  and  0.5kV,  respectively.  Typical  sputtered  coating  thicknesses  were 
~  5  pm  for  planar  substrates  and  0.7-1.4  pm  for  fibers.**  Coatings  deposited  by  dectron 
beam  evaporation  were  produced  at  relatively  high  vacuiim  (<10~^  torr).  Evaporated 
coating  thicknesses  were  ~0.5  pm.  A  glow  discharge  cleaning  procedure  was  used  prior 
to  deposition. 

The  coated  discs  were  difiusion  bonded  at  relatively  high  vacuum  (<  10^  torr).  In 
some  c'ies,  a  high  purity  (>  99.95%)  Mo  foil*  (127  pm)  was  inserted  between  the  Mo 
coated  surfaces  prior  to  bonding.  The  diffusion  bonding  was  conducted  at  1450*<!  for 
12  h,  using  an  applied  pressure  of  3-5  MPa.  The  fiber-containing  composites  were 
produced  by  hot  pressing.  For  this  purpose,  the  coated  sapphire  fibers  were 
incorporated  into  an  AI2O3  matrix  and  consolidated  at  1500**C  for  120  min.,  using  an 
applied  pressure  of  -  2  MPa. 


3.  ANALYTICAL  TECHNIQUES 

All  interfaces  were  examined  using  transmission  electron  microscopy  (TEM) 
techniques.  For  this  purpose,  electron  transparent  foils  were  prepared  by  cutting  thin 
slices  with  a  low  speed  diamond  saw  perpendicular  either  to  the  bonded  surfoce  or  the 
fiber  axis.  These  slices  were  ground  to  roughly  100  pm  using  diamond  paste  and  3  mm 
diameter  discs  were  ultrasonically  drilled.  One  side  was  polished  wifii  3  pm  diamond 
paste.  The  other  side  was  dimple  ground  using  3  and  1  pm  pastes,  followed  by  a  1/4 

**  The  fibers  were  rotated  during  coating  at  - 1  rpm. 

*  Johnson  Mattheys 
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final  polish.  Subseqxient  thinning  was  accomplished  by  ion  milling  with  Ar  at  5kV, 
1mA  and  14”  incidence  angle.  In  many  cases,  thin  foil  cross-sections  could  not  be 
produced  because  of  the  tendency  to  debond  at  the  interfaces.  In  such  cases,  the  coating 
was  first  ronoved  fiom  the  substrate  and  mounted  on  a  copper  grid.  All  samples  were 
examined*  in  a  microscope  equipped  with  a  high  take-off  angle  enei^  dispersive 
spectroscopy  system.  Crystallographic  computations,  simulations  and  indexing  of 
diffi'action  patterns  were  carried  out  with  the  Diffract  software.  As-sputtered  coatings 
were  also  examined  using  PEELS. 

Scanning  Auger  microscopy  (SAM)  was  used  to  characteri2e  the  interface 
chemistry,  with  spectra  collected  from  debonded  interfaces.^  Depth  profiles  were 
performed  by  Ar  ion  sputtering  of  the  Mo  fracture  surface.  Debonded  surfaces  were 
also  examined  by  scanning  electron  microscopy  (SEM).**  For  this  purpose,  a  dun  carbon 
or  gold  layer  was  evaporated  onto  the  surfaces.  Chemical  analyses  were  performed  on 
surface  features  by  iising  energy  dispersive  X-ray  (EDS)  methods.*  The  same  surfaces 
were  analyzed  by  X-ray  diffraction  methods.* 

The  morphology  of  the  debond  surfaces  was  established  using  atomic  force 
miaoscopy  (AFM).+ 

4.  MECHANICAL  MEASUREMENTS 

The  fracture  energies  of  the  AI2O3/  Mo  interfaces  were  measured  by  using  eidier 
four  point  flexure^'^^  or  Hertzian  indentation.^^  In  both  cases,  interface  debonding  was 
monitored  in  situ,  witii  an  optical  microscope  focused  durough  the  sapphire  layer.  The 

*  JOEL  2000FX  TEM  at  200  kV 

t  Perkin  Elmer  PHI  660  Auger  microsoope 

**JeolSM840SEM 

*  Tracor  Ncnrttwm  1N5500  system 

*  Sdntag  XDS2000  diffractometer 
Nanoscope  n  from  Digital  Instruments 
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fracture  energy,  H  was  ascertained  from  the  loads  at  which  the  cracks  extended,  as  well 
as  the  spedmen  dimensions.  F6r  flexure  tests,  a  pre<rack  was  introduced  along  tihe 
interface  by  propagating  a  controlled  cradc  from  a  row  of  indentaticms  emplaced  on  <me 
of  the  sapphire  surfaces.^  A  typical  deb<md  region  is  depicted  in  Fig.  2.  In  systems 
produced  widi  either  the  higher  purity  polycrystalline  AI2O3  or  sapphire,  the  loads  at 
which  these  precracks  extended  gave  debond  energies  in  the  range,  H  •  l<-4  Jm*^. 
These  results  were  insensitive  to  the  Mo  deposition  mediod  (sputtering  or  evaporation) 
and  to  the  Mo  duckness.  Conversely,  when  the  lower  purity  AI2O3  was  used,  H  was 
substantially  larger.  It  was  typically  in  the  range,  Fi  «  10-20  Jm*^. 

The  sliding  behavior  was  measured  on  hot  pressed  fiber  specimens  by  using  a  fiber 
push-through  test  method.^0,17  Typical  load-displacement  curves  involve  a  load  drop, 
indicative  of  interface  debonding,  followed  by  fiber  push-out  (Fig.  3).  The  loads  at 
which  push-through  displacements  initiated  (Rg.  3)  gave  the  sliding  resistance  T.  It  was 
found  to  be  in  the  range,  X  »  130-225  MPa.  Grooves  in  the  Mo  were  evident  alcmg  die 
push-out  zone  (Fig.  4),  indicative  of  plastic  defonnatum  occunmg  wifiiin  the  Mo. 

The  yield  strength  of  the  Mo  subsequent  to  diffusion  bonding  was  determined  by 
microhardness  measurements.  The  measurements  were  made  at  low  loads,  such  that 
the  indentation  depth  was  less  than  1/3  the  Mo  layer  thidoiess.  The  results  gave  a 
hardness  in  the  range,  H  «  900  MPa  for  die  Mo  foil  after  bonding.  The  corresponding 
uniaxial  yield  strength  is,^^  Oq  *  H/3  <•  300  MPa.  The  sputtered  coatings,  deposited 
on  tt;e  sapphire  fibers,  gave  larger  values  of  hardness,  corresponding  to  Go  •  6(X)  MPa. 


5.  INTERFACE  STRUCTURE 

The  cross-section  of  an  as^deposited,  sputtered.  Mo  layer  revealed  a  columnar 
growdi  structure  with  faceted  grains,  - 100  nm  in  diameter  (Fig.  5).  Difiraction  patterns 
(Fig.  6)  were  consistent  with  the  pattern  simulated  for  randomly  oriented  grains  widi  a 
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common  <  111  >  direction.  Furthermore,  PEELS  results  indicated  the  presence  of  thin 
oxide  layers  located  both  at  the  fiee  surface  and  at  the  film/substrate  interface. 

All  of  the  materials,  regardless  of  the  methods  used  to  prepare  die  Nfo,  exhibited 
some  metal  oxide  formation  along  the  interfaces.  Usually  this  oxide  was  intermittent. 
After  debonding,  the  oxide  was  invariably  attached  to  the  sapphire,  as  evident  from 
views  of  the  sapphire  side  of  a  fracture  surface  (Fig.  7).  Image  analysis  on  sapphire 
fracture  surfaces  revealed  an  area  of  fraction  of  oxide  grains  of  «  0.2.  X-ray  diffraction 
patterns  obtained  from  these  surfaces  indicated  diat  the  oxide  was  M0O2.  The  presence 
of  an  oxide  was  further  verified  by  SAM  studies  of  the  same  surfaces. 

In  the  system  produced  using  the  lower  purity  alumina  (Fig.  8),  the  metal  oxide 
layer  was  continuous,  ~  300  nm  thick  and  c^uld  be  analyzed  by  cross  section  TEM.  This 
oxide  phase  was  identified  by  tilting  experiments,  performed  on  single  grains,  to  obtain 
diffraction  patterns  for  the  [101],  (102],  and  the  1213]  zone  axes  (Fig.  9a,  b,  c),  which 
could  be  compared  with  patterns  simulated  for  monodinic  M0O2  CFig-  9d,  e,  f).  The 
simulations  were  achieved  by  using  the  space  group,  lattice  parameters  and  fractional 
atom  positions  listed  in  Table  I.  The  oxide  consistently  exhibited  an  orientation 
relationship  with  the  sapphire  substrates,  exemplified  by  the  difrraction  pattern  in 
Figs.  10a  and  b,  which  show  the  [1 100]  sapphire  //  [  1 M]  M0O2  and  [2ii0]  sapphire  // 
[320]  M0O2/  respectively.  The  orientation  relationship  may  be  described  by 

((X)01)sapphire  //  ((J^-)Mo02 
[1210]sap|Atire  //  [0f0lMoO2 

A  structure  diagram  of  the  sapphire  basal  plane  and  the  (OOT)  plane  in  M0O2/  oriented 
with  the  above  crystallographic  relationships  indicate  file  resemblance  of  the  oxygen 
sub-lattices  (Fig.  11).  The  distance  betwe^  two  oxygen  atoms  along  the  [120]  direction 
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in  sapphire  is  4.76  A.  The  distaxux  between  two  oxygen  atoms  in  ti^e  M0O2  along  five 
[010]  directi<m  is  4.86A.  This  misfit  is  less  than  2%  and  supports  the  observed  preference 
for  this  orientation  relationship. 

Also  observed  in  this  system  was  a  continuous  amorphous  phase  separating  the 
M0O2  layer  from  the  Mo.  These  regions  had  diemical  composition,  61  Si,  28  Al,  6  Ca, 
3.5  Mg,  15  K  (in  atomic  percent  for  metallic  constituents  only),  as  determined  by  EDS. 
The  silicate  was  also  observed  fiuoug^ut  die  Mo  pore  diannds.  bi  addition,  MgAl204 
spinel,  with  two  distinct  morphologies,  was  identified  at  the  interface  between  the 
polyaystalline  AI2O3  and  the  Mb  (Fig.  12).  These  craisisted  of  eidier  block  precipitates 
or  a  semicontinuous  layer. 

For  bonds  made  with  high  purity  AI2O3,  a  ncm-planar  interfiice  formed  between 
the  sapphire  and  die  Nfo  (Hg.  13)  with  no  apparent  orientation  rdationship.  A  number 
of  smaU  (3(X)-400  nm)  M0O2  grains  were  usually  present  diroughout  die  sputtered  Mo. 
The  avera^  grain  diameter  was  2-5  pm,  indicating  that  diere  had  been  substantial  grain 
growth  during  processing.  Matching  topographic  features  were  evidmt  in  regions  of 
direct  contact  between  the  sapphire  and  the  Mo.  These  features  formed  by  interface  and 
surface  diffusion,  both  in  the  AI2P3  and  the  Mb,  during  difiusion  bonding. 

Measiuements  of  the  profiles  around  the  grain  boundaries  in  the  Mo,  obtained 
both  by  TEM  (Hg.  14)  and  AFM  (Hg.  15)  provided  estimates  of  die  dihedral  angle. 
These  are  in  the  range,  130  ±  14**.  Non-matehing  features  also  exist,  whidi  relate  to 
residual  porosity  at  die  interface.  The  area  fraction  of  such  porosity  was  «  0.45  for  the 
sputtered  Mo. 

The  oxygen  content  measured  by  SAM  ranged  between  4  and  6  atom  % 
throughout  the  layer,  despite  precautions  taken  to  minimize  access  0$  oxygen.  The 
solubility  limit  of  oxygen  in  Mo  is  ~  0.2  atom  %.  The  presence  of  M0O2  oxide  grains  in 
the  Mo  is  consistent  widi  these  measurements. 
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6.  DISCUSSION 
6.1  Debonding 

The  measured  debond  energy  appears  to  be  relatively  invariant  and  thus, 
insensitive  to  the  amounts  ot  either  interface  porosity  or  M0Q2  delected  <m  the  sq>phire 
side  of  the  debond  surface.  Such  observations  suggest  duit  both  the  M0/AI2O3  and  the 
M0/M0O2  interfaces  have  low  fracture  energies.  Conversdy,  failure  neoer  occurs  at  die 
Al203/MbO2  interface.  Its  resistance  to  failure  must  be  rdativdy  hi^  Ihis  is  consistent 
with  the  results  of  other  investigations  for  oxide/oxide  interfaces.iO  Subsequent 
emphasis  is  g^ven  to  the  metal/oxide  interfrces. 

An  attempt  is  made  to  imderstand  the  small  value  of  Fi  based  on  separate 
assessments  of  Wad  and  Oq,  in  accordance  widi  the  concepts  expressed  in  Ecpis.  (1)  and 
(2).  The  dihedral  angle,  measurements  provide  one  estimate  of  Wad*  these  angles, 
established  at  high  temperatures,  rdate  the  equilibrium  interface  energy,  Yi,  to  the  Mo 
grain  boundary  energy,  Ybr  through  the  rehitionship 

Yb  =  2y,cos^  (3) 

Atomistic  calculations^^  suggest  diatYb^hio  is  in  the  range,  Yb  1.2±0.6Jm~2.The 

interface  energy  is  thus,  Yi  "  1*5  ±  1.2  Jm‘2.  The  interface  energy  is,  in  turn,  rdated  to 
die  work  of  adhesion  byl^ 

W«,  =  Y««.  +  Y-.-Yi  W 

where  Yoxide  is  the  surface  energy  for  eidier  AI2Q3  or  NfoQ2  and  Ymo  is  die  Mo  surface 
energy.  Again,  atomistic  calculations  provide  the  equilibrium  enargies:22/23 
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Ymo  "  2.0  ±  0.2  Jm'2  and  YAI2O3  *  1  ±  0.1  Jm'2  for  the  basal  plane.  With  these  values, 

the  work  of  adhesion  is  determined  to  be  in  the  range.  Wad  °  1.7±l.ljm*2. 

This  work  of  adh^ion  is  t3rpical  of  that  found  for  many  other  metal/oxide 
interfaces.^  It  is  also  similar  in  magnitude  to  the  measured  debond  energies,  Fi. 
Consequently,  there  is  a  minimal  contribution  to  Fj  from  plastic  dissipaticm.  Yet,  <Jo  is 
only  somewhat  large  than  the  range  found  for  othe  metal/oxide  interfaces,  whidi 
exhibit  much  larger  ddxmd  energies,  (Fj »  Wad)*  There  is  no  obvious  rationale,  at  this 
level  of  analysis,  for  the  low  Fi  foimd  for  the  M0/AI2O3  interface.  Furthe 
imderstanding  must  be  based  on  more  quantitative  measurements  and  calculations. 

The  continuum  plasticity  aiudysis  of  cradc  growfo  (Fig.  1)  requires  foat  0/0^  <  3, 
for  the  measured  Fi/Wad  (1*5  6.0).  Consistency  with  E(pL  (2)  thus  requires  that 

>  0.7  (5) 

For  the  M0/AI2Q3  interface,  ao  is  not  known.  However,  for  similar  interfaces,  such  as 
Nb/ AI2O3,  atomistic  calculations  give,  ao  *  0.3  nm.25  if  fois  ao  is  appropriate,  since 
Wad  "  1/2-2  Jm'2  and  Oo  ■  300-600  MPa,  then  a©  ao/Wad  is  in  flie  range  0.05  0.4. 

This  does  not  satisfy  Eqn.  (5).t  A  full  imderstanding  of  die  debond  energy  must  involve 
fine-scale  plasticity  phenomena  occurring  near  the  interface  crack  hront.i'^^  The 
influence  of  this  zone,  width  D,  on  die  steady-state  interface  fracture  energy  (Hg.  16) 
provides  perspective  through  the  non-dimensional  parameter,  D  o|/EWad*  Upon 
inserting  measured  values  of  Fi,  Wad  wd  Go  for  die  M0/AI2O3  interface,  Hg.  16  gives 
D  «  25  nm.  Much  larger  values  obtain  for  odier  metal/oxide  interfoces  (D  »  0 pm^) 
because  of  the  strong  soisitivity  of  D  to  yield  strength  (D  -  o~^,  Hg.  16).  This  analysis 


t  Moreover,  in  oOwr  metal/oxide  interfaces,  there  is  a  more  ocmsiderabie  discrqxncy  witti  E(pi 
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reinforces  the  need  to  understand  fine-scale  plasticity  and  its  association  with  D  for 
different  metal/cndde  interfaces. 

The  interface  between  Mo  and  low  purity  polycrystalline  AI2Q3  has  a  considerably 
greater  debond  resistance  fiuui  that  between  Mo  and  pure  AI2O3.  The  development  of 
silicate  phases  in  the  bond  zone  (by  viscous  flow  out  of  the  alumina)  appears  to  be 
responsible.  In  diis  case,  the  fracture  energy  is  similar  to  fiiat  for  the  silicate  phase  itsdf 
(Ti « 10  Jm~2),  which  fractures  as  the  bond  separates.  Similar  results  have  been  obtained 
for  Pt/Al203  interfaces.^  This  behavior  is  probably  responsible  for  the  liigh  strength' 
that  occurs  when  low  purity  AI2O3  is  bonded  with  Mo,  for  metal/ceramic  seal 
technology. 

6.2  Sliding 

The  observation  of  plastic  grooving  (Fig.  4),  suggests  that  slip  is  controlled  by 
shear  yielding  of  the  Mo.  This  should  occur  at  a  stress,  T  «■  (To/Vs.  Based  on  the 
hardness  measurements  for  the  sputtered  Mo  coatings  (Oo  *  ^  MPa),  sliding  by  shear 
yielding  should  occur  at  T  •>  340  MPa.  This  is  about  twice  the  measured  sliding 
resistance,  X  ->  130-225  MPa  (Fig.  3).  However,  sliding  only  occurs  at  contact  points 
along  the  interface  (Hg.  4).  By  normalizing  the  sliding  resistance  with  the  ratio  of  the 
contact  area  to  fiber  surface  area,  the  lower  measured  values  are  compatible  with  a  plastic 
grooving  mechanism. 


7.  CONCLUSIONS 

The  mechanical  properties  of  molybdenum/alumina  interfaces  have  been 
investigated.  The  fracture  energy  Fi  was  compared  to  the  work  of  adhesion.  Wad 
estimated  using  AFM  and  TEM  techniques.  The  range  of  values  obtained  for  Wad  ^ 
similar  to  measurements  for  other  metal/ceramic  systems.  However,  unlike  odier 
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systems,  the  measured  fracture  energy  is  similar  to  the  work  of  adhesion,  indicating  duit 
plastic  dissipation  in  the  molybdenum  is  minimal.  Furthermore,  fractographic 
examinations  of  failed  interfaces  show  no  discernible  deformation.  Yet,  quantitative 
distinctions  between  M0/AI2O3  and  other  metal/oxide  interfaces,  based  an  Wad  wd 
the  yield  strength.  Go,  have  not  been  identified.  However,  the  inference  diat  the  zone  of 
fine-scale  plasticity  CKCurring  near  the  interface  is  smaller  for  M0/AI2O3,  than  other 
interfaces  is  considered  relevant.  A  full  understanding  awaits  furth^  analysis  of  fine- 
scale  plasticity. 

The  interfadal  fracture  energies  were  found  to  be  sensitive  to  die  alumina  purity 
but  only  weakly  dependent  on  the  methcxi  used  to  prepare  die  Mo.  The  apparent 
insensitivity  to  the  Mo  processing  conditions  may  result  fiom  the  presence  of  oxygen  (in 
solution  and  as  oxides),  which  was  invariably  present  duroughout  the  metal  layer  and  at 
the  interfaces.  The  role  of  oxygen  in  the  firacture  pxocess  remains  unclear,  in  part 
because  it  is  difficult  to  eliminate.  The  effect  of  alumina  impurities  appears  to  be 
relatively  straightforward.  The  fracture  energy  is  increased  when  the  silicate  phase 
migrates  from  the  polycrystalline  alumina  to  the  Mo/sapphire  interface.  Fbr  diis  case 
the  interface  echibits  the  fracture  resistance  of  die  amorphous  interphase. 

The  sliding  resistance,  X,  of  the  Mo/sapphire  interface  was  found  to  be  about  half 
the  shear  yield  strength  of  the  metal  Hie  basic  scaling  between  T  and  Go  has  important 
ramifications  for  ductile  coating  concepts  for  ceramic  matrix  composites.  Clearly,  the 
coating  yield  strength  emerges  as  a  key  parameter  for  controlling  die  interfadal  sliding 
resistance. 
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TABLE  1 


Structure  Type,  Space  Group,  Lattice  Parameters,  Wyckoff  Position  and 
Fractional  Atom  Coordinates  for  the  Structures  Identified  in  This  Study 


Stnicture 

Space  Group 

UnitceUfA) 

Atom 

Frafrianal  r'nnrdifiAteA 

_ 

_ 

Mo 

hnSm 

a -3.1470 

Mo  (2a) 

M0O2 

P2i/c 

a -5.6109 

Mo(4e) 

2316 

9916 

0164 

b-4.S562 

Ol(4e) 

1123 

2171 

c- 5.6285 

P- 120.95 

02(4e) 

3908 

ww 

AI2Q3 

R3c 

a  =  4.754 

Al(12c) 

3523 

c  =  12.99 

0(18e) 

3064 

Al2Mg04 

Fd3m 

a  =  8.075 

Al(16d) 

Mg  (8a) 

1250 

1250 

1250 

0(32e) 

2510 

2510 

2510 
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FIGURE  CAPTIONS 


Fig.  1.  Effectsof  die  ratio  of  yield  strength.  Go,  to  the  bond  strengdi,q  on  the  rdative 
debond  resistance  of  metal/ceramic  interfaces  CTvergaard  and  HutdiinsQn):^^ 
calculations  performed  assuming  continuum  plasticity. 

Fig.  2.  Optical  observation  of  debonded  region  at  Mo/sapphire  interface. 

Fig.  3.  Typical  push-out  curve  fm*  Nfo-coated  sapphire  fibers  in  an  AI2Q3  matrix.  X  is 
the  sliding  stress. 

Fig.  4.  SEM  image  of  push-out  zone  showing  grooves  on  Mo. 

Fig.  5.  TEM  view  of  faceted  Mo  grains  ~  100  nm  in  diameter  in  as-deposited  Mo  film. 

Fig.  6.  Diffraction  patterns  of  sputtered  Mo  film,  whidi  indicate  a  common  <  111  > 
zone;  a)  measured  pattern,  b)  simulated  pattern. 

Fig.  7.  SEM  image  of  sapphire  fracture  surface  showing  metal  oxide  attached  to 
sapphire.  The  light  grey  grains  are  MoC)2. 

Fig.  8.  TEM  image  of  ccmtinuous  oxide  layer  formed  with  lower  purity  AI2Q3. 

Hg.  9.  a-c)  Diffraction  patterns  for  die  [101],  [102]  and  [213]  zone  axes, 
d-f)  Corresponding  simulated  patterns. 

Hg.  10.  Difiraction  patterns  for  Mo  oxide  indicating  orientation  relationships. 

Fig.  11.  Oxygensublatticeof  (0001)  sapphire  resembles  diat  of  (001)  Mo02' 

Fig.  12.  TEM  imaged  MgAl204  spinel  at  the  interface  between  AI2Q3  and  Mo. 

Fig.  13.  TEM  image  of  a  non-planar  interface  between  sapphire  and  Mo  with  no 
orientation  relationship. 

Fig.  14.  TEM  image  of  dihedral  angles  (arrowed)  formed  between  a  sapphire  fiber  and 
Mo  grain  boundaries. 
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Fig.  15.  a)  AFM  trace  aaoss  Nfo  grain  boundaries  at  the  interface,  b)  Corre^x>nding 
image.  The  grain  boundary  at  0  is  highlighted  by  dte  arrows  on  die  trace  in  (a). 

Fig.  16.  Effects  of  fine-scale  plasticity  in  a  zone,  width  D,  on  die  steady-state  debond 
energy,  T*. 
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MATERIALS 


ABSTRACT 


The  role  of  the  interface  in  redistributing  stress  around  cracks  in  multilayered 
ceramic/ metal  composites  is  investigated.  The  emphasis  is  on  the  different  effects  of 
interfadal  debonding  or  of  plastic  slip  in  the  metal  phase  adjacent  to  strongly  bonded 
interfaces.  The  experiments  are  conducted  on  alumina/aluminum  multilayered 
composites.  Monotonic  loading  precracked  test  pieces  causes  plastic  shear  deformation 
within  the  aluminum  layer  at  the  tip  of  the  notch  without  debonding.  However, 
interfadal  debonding  can  be  induced  by  cyclic  loading,  in  accordance  with  a  dassical 
fatigue  mechanism.  Measurements  of  Uie  stress  around  the  crack  demonstrate  that 
debonding  is  much  more  effective  than  slip  at  reducing  the  stress  ahead  of  the  crack. 
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1.  INTRODUCTION 


In  layered  materials  with  alternating  ductile  and  brittle  constituents,  various 
modes  of  crack  growth  are  possible.!*^  Under  in-plane  loading,  cracks  form  in  the  brittle 
layers.  A  crack  in  one  layer  may  induce  cracks  in  an  adjacent  layer.  Whether  or  not  this 
occurs  depends  up>on  the  nature  of  the  stress  concottration  transmitted  across  the 
intervening  ductile  material.  If  this  stress  concentration  is  large,  a  series  of  near- 
coplanar  cracks  form,  which  can  be  viewed  as  a  single,  dominant  crack.  Conversely,  a 
weakened  stress  concentration  allows  distr&mted  damage.  The  stress  concentration  may 
be  reduced  either  by  debonding  at  the  interface  between  the  brittle  and  ductile  layers  or 
plastic  slip  within  the  ductile  layers.  An  asymptotic  calculation^  (Fig.  1)  predicts  that 
debonding  is  more  effective  than  slip  at  reducing  the  peak  stress  in  the  intact  brittle 
layers  and  hence,  should  suppress  crack  renucleation.  This  prediction  has  yet  to  be 
verified  by  experiment. 

The  incidence  of  debonoing,  as  o{>posed  to  slip  adjacent  to  interfaces  is  influenced 
by  the  loading  history.  Interfaces  that  remain  bonded  upon  monotonic  loading  may 
debond  upon  cyclic  loading.^  Moreover,  flie  ratio  of  mode  n  (shear)  to  mode  I  (tensile) 
loading  acting  upon  an  interface  crack  may  a^ct  the  relative  tendencies  for  ddxxnding 
and  slip.S 

The  three  objectives  of  this  study  are  as  follows,  (i)  Contrast  the  debonding  and 
sliding  characteristics  of  interfaces  subject  to  monotonic  and  cyclic  loads,  (ii)  Examine 
the  validity  of  models  for  the  role  of  debcmding  and  sliding  on  stress  redistribution. 
This  is  achieved  by  comparing  predicted  stresses  with  measured  stresses.  For  this 
purpose,  the  fluorescence  spectroscopy  method  is  used  with  altiminum  oxide/ A1 
multilayers,  (iii)  Establish  the  basic  mechanism  of  cyclic  debonding  (fatigue)  at 
metal/ceramic  interfaces. 
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2.  EXPERIMENTAL  METHODS 

2.1  Materials 

Multilayered  composites  of  A1  and  AI2O3  were  prepared  by  diffusion  btmding.^'* 
For  this  purpose,  thin  discs  of  sapphire  and  pdycrystalline  AI2O3  were  mechanically 
polished  with  diamond,  to  produce  planar,  parallel  surfaces,  which  were  then  heat 
treated  in  air  at  1000®C  for  1  h  to  remove  caxtxm  based  impurities.  Thin  sheets  <rf  A1  (40, 
100  or  250  pm  thick)  were  prepared  from  99.99%  pure  foils  by  cold  rolling.  These  were 
interspersed  between  the  sapphire  and  AI2O3  plates,  with  a  sapphire  layer  on  one 
outside  surface  and  AI2O3  layers  elsewhere.  The  layers  were  then  vacuum  hot  pressed 
at  temperatures  of  640®C  at  a  compressive  stress  of  ~  5  MPa  for  48  h,  resulting  in  a 
diffusion  bond  with  essentially  no  residual  porosity. 

The  diffusion-bonded  discs  were  cut  into  beairts  suitable  for  flexural  testing 
(dimensions  ~  3  x  3.5  x  50  mm)  by  using  a  diamond  saw.  Both  side  surfaces  were 
polished  to  an  optical  finish  to  facilitate  observations  of  mterfadal  debonding  and  crack 
growth,  as  well  as  for  stress  measurements. 

2.2  Mechanical  Tests 

The  location  of  the  domizumt  crack  in  each  specimen  was  pre-determined  by 
placing  a  row  of  50  N  Knoop  indentations,  500  pm  apart,  into  the  sapphire  surface 
(Fig.  2).  Direct  observation  of  file  specimen,  using  a  long  focal  length  optical 
microscope,  revealed  that  these  indentations  produced  precracks  approximately 
50-100  pm  in  length.  The  specimen  was  then  loaded  in  four-point  flexure  with  the 
indented  surface  in  tension,  within  a  fixture  that  permitted  in  situ  monitoring  of  the  side 
surfaces  of  the  beams  by  usixtg  an  optical  microscope  (Rg.  2).  At  a  critical  load,  the  flaws 
coalesced  into  a  crack  that  propagated  unstably,  but  arrested  at  the  metal/sapphire 
interface. 
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These  precracked  specimens  were  loaded  either  monotonically  or  cyclically  in 
fouT'point  flexure.  During  each  cyclic  loading  experiment,  the  range  of  load,  AP,  and 
the  peak  load,  Pmax/  were  kept  constant  Hie  tests  were  interrupted  after  1000, 5000  and 
20,000-50,000  cycles  to  allow  observation  of  the  interface  between  the  sapphire  and  the 
first  aluminum  layer.  Interfadal  debond  cracks  (Hg.  3a,  b)  were  characterized  by 
viewing  through  the  transparent  sapphire  using  an  optical  microscope.  The  growth 
rates  of  interfadal  cracks  were  also  determined  in  this  manner.  Following  the  cyclic 
experiments,  the  interfadal  cracks  were  characterized  further  by  scanning  electron 
microscopy,  after  removal  of  the  sapphire  layer  by  fracture  of  the  specimen. 

2.3  Stress  Measurement 

After  cycling,  some  specimens  were  reloaded  in  flexure,  using  a  fixture  located  on 
the  stage  of  a  Raman  microprobe.^  This  apparatus  allows  stress  measurement  by 
fluorescence  spectroscopy  within  the  AI2O3.9  The  loads  were  monitored  using  a 
miniature  load  cell.  Chromium  fluorescence  spectra  were  collected  at  sites  within  the 
intact  AI2O3  layer  ahead  of  the  precrack,  as  indicated  in  Fig.  2,  with  the  specimen  in 
both  the  loaded  and  unloaded  states.  Analysis  of  these  spectra  gave  fluorescence  peak 
locations  that  provided  a  measure  of  the  stress  in  the  AI2O3  layer:  the  relation  between 
peak  shift  and  stress  was  obtained  from  a  separate  series  of  calibration  experiments 
(Section  4.1).  In  polycrystalline  alumina,  the  method  has  ~  20  MPa  stress  resolution  and 
100-200  pm  spatial  resolution.^11 

In  some  cases,  the  precrack  was  extended  into  the  underlying  AI2O3  layers  by 
monotonic  loading.  Again,  cyclic  loading  experiments  were  conducted  and  the 
responses  of  the  intervening  A1  layers  were  characterized  by  using  both  optical  and 
scanning  electron  microscopy  (SEM). 


^  Instruments  SA,  Model  UlOOO. 
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3.  INTERFACE  RESPONSE 


Monotonic  loading  of  precracked  spedxnens  caused  plastic  slip  within  the  metal 
layer  at  the  tip  of  the  preoradc,  prior  to  cradc  renudeation  in  the  next  AI2O3  laya*.  The 
characteristics  of  such  plastidty  have  been  measured  using  high-resolution  strain 
mapping  techniques.^  Cracks  formed  sequentially  in  adjacent  polycrystalline  AI2O3 
layers,  with  increasing  load.  Each  crack  was  nearly  coplanar  with  the  precrack.  By 
considering  this  assembly  as  a  dominant,  mode  I  cradc  and  by  measuring  its  length,  a 
nominal  crack  growth  resistance,  Kr,  was  determined  from  the  applied  loads  (Fig.  4). 

Cydic  loading  of  similar  precradced  specimens  gave  a  different  response.  When 
the  peak  load  was  below  that  at  which  a  cracic  renudeated  in  die  next  AI2O3  layer,  stable 
debonding  occurred  along  the  sapphire/ A1  interface  (Fig.  3).  The  crack  growth  rate, 
da/dN,  was  found  to  decrease  slightly  with  increase  in  crack  length,  Lg,  for  a  given  load 
range,  AP  (typically  by  a  factor  of  2-4  after  20,0(X>-50,0(X)  cydes).  After  fracturing  the 
specimen  to  remove  the  sapphire  from  the  region  above  the  interface  fatigue  crack, 
dassical  fatigue  striations  were  observed  by  scanning  electron  microscopy  on  the  A1 
crack  surface  (Fig.  5).  In  the  case  shown  in  Bg.  5,  the  striation  spacing  is  about  equal  to 
the  crack  extension  per  cyde  (~  1  jlm/cyde).  Moreover,  the  striations  are  strongly 
affected  by  crystallography,  having  different  orioitations  in  different  grains  (Fig.  5b). 
The  basic  crack  growth  mechanism  thus  appears  to  be  similar  to  that  occurring  in 
monolidiic  alloys.^2-l5 

The  range  of  energy  release  rates,  A^,  applicable  to  each  cyclic  loading  experiment 
was  estimated  from  the  load  range,  AP,  by  using  a  previous  analysis  of  the  flexural 
geometry  (Fig.  2).16,17  xhe  analysis  provides  solutions  for  steady-state  cracks 
(Lg/ao  >  0.4)  in  homogeneous  dastic  beams  with  no  residual  stress.^^  The  estimates 
were  obtained  by  neglecting  the  effect  of  residual  stress  and  plastidty  in  the  metal  on  Q 
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and  by  using  the  steady-state  formulae.  The  present  results  were  obtained  for 
0.2  <  Ls/ao  <  4.0,  except  for  the  lower  Irft  point  in  Fig.  6,  where  Ls/ao  ~  0.04.  Note  diat 
these  results  refer  to  mixed-mode  cyclic  debonding'^  with  a  mode  mixity,  X|/  »  50®. 
These  values  of  A  in  conjunction  with  the  crack  growth  rates  per  cycle,  da/dN,  allow 
comparison  with  fatigue  data  for  monolithic  aluminiun  alloys  obtained  from  the 
literature  (Fig.  6  and  Table  I).  18-20  it  is  evident  that  the  rates  of  cyclic  interfadal 
debonding  exceed  the  mode  I  fatigue  crack  growth  rates  for  monolithic  alloys,  at  all  A^ 
used  during  the  present  investigation.  Therefore,  mixed-mode  fatigue  crack  growth  can 
occur  along  strongly  bonded  metal/ ceramic  interfaces  in  preference  to  mode  I  crack 
growth  through  the  alloy.  These  interface  measurements  complement  data  obtained 
previously  in  mode  1.7 

Conversely,  in  specimens  that  had  be^  loaded  monotonically  to  grow  a  crack 
through  several,  successive  AI2O3  layers,  subsequent  cyclic  loading  caused  rapid  fatigue 
failure  of  the  intervening,  intact  A1  layers.  This  occurred  by  mode  I  cyclic  growth 
emanating  from  cracks  in  the  adjacent  alumina  layers  (Fig.  7).  Similar  results  have  been 
repx)rted  for  multilayered  intermetallic/metal  composites.^! 

4.  STRESS  MEASUREMENTS  AND  COMPARISON  WITH  THEORY 
4.1  Piezospectroscopic  Calibration 

The  relationship  between  the  applied  stress,  Gij ,  and  the  fluorescence  peak  shift, 
Av,  is  a  tensorial  relation,!^ 

Av  =  nijOij  (1) 

where  Hij  are  the  piezospectroscopic  coefficients.  It  has  been  shown  that  the  off- 
diagonal  components  of  Ilij  are  negligibly  small  for  the  fluoresc^ce  peaks  of  chromium 
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in  aluminum  oxide.lO  This  expression  may  be  furthar  simplified  for  a  polycrystalline 
material  to^^ 


Av  =  QOkk  (2) 

where  Q  =  1/3  (Ilii  +  1122  +  Has)  and  Okk  is  the  sum  of  the  principal  stresses, 
<ykk  =  <^11  +  <J22  +  <^33- 

The  coefficient,  Q,  for  the  stress  dependence  of  the  R2  chromium  fluorescence  peak 
in  the  alumina  used  in  the  present  case  was  calibrated  by  collecting  spectra  from  the 
side  surface  of  a  polished  alumina  beam  subjected  to  various  levels  of  four-point 
flexural  loading.  These  spectra  were  anal3rzed  to  3deld  the  relative  peak  position  as  a 
function  of  applied  stress  (Fig.  8).  From  these  results,  Q  =  2.48  ±0.05  cm'VGPa: 
consistent  with  values  previously  reported  for  alumina  (2.46-2.52  cm’^/GPaj.lO 

4.2  Stresses 

The  distributions  of  stress  before  and  after  monotonic  and  cyclic  loading  were 
measured  by  optical  fluorescence.  In  each  specimen,  the  measurements  were  obtained 
from  the  first  intact  AI2O3  lay^  along  a  line  20  jlm  fi-om  the  interface  with  the  metal 
layer.  Typical  results  are  shown  in  Fig.  9.  The  stress  distribution  during  monotonic 
loading  (at  K  =  7  MPa*^  )  exhibited  a  broad  maximum  ahead  of  the  crack  firont.  After 
imloading,  the  stress  along  the  same  line  exhibited  a  minimum  ahead  of  the  crack  front 
(Fig.  9).  The  measured  peak  stress  at  the  maximum  load  is  similar  to  that  given  by  foe 
solution  for  a  homogeneous  elastic  body  (Appendix  A),  consistent  with  previous 
measurements  in  other  ceramic/metal  multilay^ed  composites.^'^^  These  have  shown 
that  slip  in  foe  metal  layer  does  not  diminish  foe  Gyy  stress  in  foe  ceramic  layer  ahead  of 
foe  crack  tip  (Fig.  1)  significantly,  unless  foe  rdative  slip  length,  Lp/h,  is  large  (>  10).^ 
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After  cyclic  loading  to  attain  a  debond  length,  Ls  >  2  mm,f  the  stress  concentration 
ahead  of  the  crack  was  found  to  be  eliminated,  within  the  sensitivity  of  the  fluorescence 
measurements  (Fig.  9).  Comparison  of  this  result  with  analysis  is  complicated  by  finite 
geometry  effects:  because  of  the  large  values  of  the  ratio:  debond  length/precrack 
length,  Ls/h  »  5,  the  asymptotic  solution  (Fig.  1)  is  not  relevant.  A  finite  element 
solution  has  thus  been  obtained  for  the  specific  flexural  geometry  used  in  these  tests. 
The  solution  (Fig.  10)  establishes  that,  for  Lg/ao  ‘o  5,  the  stress  concentration  ahead  of 
the  precrack  is,  indeed,  eliminated.  These  measurements  and  calculations  directly 
confirm  that  debonding  is  more  effective  than  plastic  slip  at  reducing  the  stress  ahead  of 
a  crack  in  ceramic/metal  multilayers. 


5,  FATIGUE  CRACK  TRAJECTORIES 

Two  trajectories  are  possible  for  a  fatigue  crack  arrested  at  title  int^face  (Fig.  11). 
The  aack  may  propagate  into  the  metal  imder  essentially  mode  I  conditions  (Fig.  7). 
Alternatively,  it  may  deflect  and  propagate  along  the  interface  (Fig.  3).  The  parameters 
controlling  the  choice  between  these  two  trajectories  are  the  relative  strain  energy 
release  rate  ranges,  A^,  the  crack  growth  rates,  da/dN  and  die  mode  mbdty,  Y.  For  a 
surface  aack,  for  mixed  mode  growth  along  the  int^ace  is  less  than  for  mode  I 
growth  through  the  A1  alloy  (Appendix  B).  Nevertheless,  in  flexural  loading,  for  which 
\|f  »  50®  8  (Section  3),  growth  along  the  interface  is  preferred  for  both  the  Al/sapphire 
and  the  Al/polycrystalline  alumina  interfaces.  This  behavior  arises  because  at  given  A^, 
the  mixed-mode  interfadal  crack  growth  rate,  da/dN  is  larger  than  the  mode  I  growth 
rate  through  the  alloy  (Hg.  12),  as  elaborated  in  Appendix  B. 


t  ( AK  =  5  MPaVin  and  Kmax  =  7  MPaVm ) 
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The  preference  for  fatigue  crack  growth  through  the  metal  rather  than  along  the 
interface  when  the  metal  layer  is  one  of  the  intact  ligaments  remaining  after  monotonic 
cracking  of  several  ceramic  layers,  as  in  Fig.  7,  now  remains  to  be  explained.  The 
relative  values  of  for  interfaded  debonding  and  growth  through  the  A1  alloy  are 
essentially  the  same  as  for  the  surface  crack  (Appendix  B).  One  significant  difference, 
however,  is  the  mode  mixity.  For  interfadal  debonding  at  metal  ligaments,  the  loading 
is  mode  II®  ('P  =  90°).  It  is  likely  that  mode  n  cyclic  debond  rates  are  considerably 
lower  than  those  measured  in  mixed  mode,  because  of  crack  face  contact.22,23  jt  is 
plausible  that  the  debond  rate  is  reduced  to  such  a  level  that  mode  I  ligament  failure  is 
preferred.  If  these  arguments  are  correct,  the  effect  of  mode  mixity  on  the  cydic 
debonding  of  the  interface  has  major  implications  for  the  fatigue  performance  of 
multilayers. 

The  basic  mechanisms  that  determine  the  different  cyclic  crack  growth  rates  are 
governed  by  the  cyclic  stresses  and  strains  that  occur  near  the  crack  tip.  For  a  crack  near 
a  bimaterial  interface,  the  cyclic  shear  stresses  can  exceed  those  expected  in  a  monolithic 
alloy.24  These  large  stress  amplitudes  should  coindde  with  a  larger  cyclic  growth  rate 
near  the  interface,  at  the  equivalent  loading  mode.  However,  a  comprehensive  analysis 
that  relates  these  stress  amplitudes  to  crack  growth  for  a  range  of  mode  mixities  is 
needed  to  rationalize  the  behaviors  foimd  in  this  study. 


6.  CONCLUDING  REMARKS 

Two  competing  mechanisms  of  fatigue  cracking  have  been  observed  in  AI2O3/AI 
multilayers.  Mixed-mode  cracks  extend  along  the  metal/ceramic  interfaces,  normal  to 
the  tip  of  a  main  crack,  in  accordance  with  a  dassical  fatigue  mechaiusm.  Conversely, 
intact  metal  ligaments  rupture  rapidly  by  mode  I  fatigue  crack  growth.  The  interfadal 
cracking  at  the  crack  tip  has  the  beneficial  effect  of  reducing  the  stresses  ahead  of  the 
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main  crack  and  thereby  suppressing  further  growth  of  that  crack.  The  rupture  of 
ligaments  in  the  crack  wake  is  detrimental,  because  it  reduces  the  crack  tip  shielding 
imparted  by  the  bridging  ligaments.  This  duality  in  fatigue  behavior  might  be  exploited 
in  order  to  optimize  the  fatigue  resistance  of  metal /ceramic  multilayers. 

The  mixed  mode  fatigue  crack  growth  rate  along  the  AI/AI2O3  interface  exceeds 
the  mode  I  rate  in  monolithic  A1  alloys.  The  large  growth  rate  arises  because  of  the 
enhanced  shear  stress  amplitude  at  the  tip  when  the  crack  is  at  a  bimaterial  interface.25 
Further  analysis  of  the  relationship  between  the  growth  rates  in  the  interface  and  the 
alloy  is  in  progress. 

The  experimental  measurements  of  the  relative  effects  of  slip  and  debonding  on 
stress  redistribution  ahead  of  a  model  crack  are  consistent  with  calculations.^ 
Debonding  was  found  to  be  substantially  more  effective  than  slip  at  reducing  the  stress. 
The  development  of  interfaces  that  experience  controlled  debonding  upon  either  cyclic 
loading  or  monotonic  loading  thus  represents  an  opportunity  for  achieving  fracture  and 
fatigue-resistant  layered  materials. 
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APPENDIX  A 


Fluorescence  Measurements  And  Probe  Size  Effects 

The  signal  intensity  at  a  given  frequency  within  a  fluorescence  spectrum  of  a 
stress-sensitive  material  is  influenced  by  the  state  of  stress  of  the  material  throughout 
the  volume  sampled  by  the  probe.  If  stress  gradients  are  significant  within  this  volume, 
calculation  of  the  fluorescence  peak  position  requires  a  somewhat  complicated 
calculation  of  the  entire  spectnun.  To  obtain  an  estimate  of  probe  size  efiects  in  the 
present  experiments,  a  simpler  calculation,  which  assumes  that  the  measured  peak 
position  is  a  weighted  average  of  the  peak  positions  from  each  element  within  the 
sampling  volume,  was  used: 

y*  X*  /y*  X* 

o^K/Yo)  =  J  Jokk(x/y)R(xo--x,y„-y)dxdy  /  J  jR(x,y)dxdy  (Al) 

-y*-x*  /  -y»-x» 

where  R(x-xo,  y-yo)  is  the  probe  response  function,  Okk  (x,  y)  is  the  local  stress  field  and 
X*  and  y*  represent  the  boundaries  of  the  region  from  which  the  probe  collects 
information. 

Previous  studies  have  established  that  the  stresses  of  interest  for  layered  materials 
with  strongly  bonded  interfaces  are  given  to  a  good  approximation  by  the  as3nnptotic 
elastic  field  around  a  crack  in  a  homogenoiis  hody?-^  For  mode  I  loading,  the  stress,  Gkk 
(x,  y)  is,  therefore,25 

<ykk(x,y)  =  [K.^(y(it(x'  +  y"f))  cos(tan-'(5^)/2)  (A2) 
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where  x  and  y  are  the  Cartesian  coordinates  measured  from  the  aack  tip.  In  the  present 
analysis,  the  measured  stress  is  compared  with  this  solution  at  the  location  directly 
opposite  the  precrack  (x  =  h^,  y  =  0),  where  Eqn.  (A2)  becomes 


®kk 


2Ki 


(A3) 


The  response  function  was  characterized  experimentally  by  placing  the  probe  on  a 
horizontal  surface  of  a  thick  beam  of  alumina,  at  a  location  immediatdy  adjacent  to  a 
vertical  free  surface.  The  intensity  of  the  signal  was  measured  as  the  probe  was 
translated  away  from  the  vertical  sinface,  until  the  signal  reached  a  level  that  did  not 
change  appreciably  with  further  movement  of  the  probe.The  results  were  consistent 
with  a  response  function  of  the  form 

R(x,y)  =  exp[-(x^  +  y^)/b^]  (A4) 

where  b  is  a  measure  of  the  size  of  the  volume  of  material  sampled  by  the  probe.  The 
value  of  b  ( »  200  jlm)  is  much  larger  than  die  area  illuminated  on  the  specimen  surface 
(spot  size  ~  2  |Im);  indirect  illumination  from  internal  scattering  determined  the  volume 
from  which  the  fluorescence  signal  was  collected. 

With  the  parameters  pertinent  to  the  data  of  Fig.  9  (Kj  =  7.0  MPaVm , 
hm  =  250  jlm),  the  stress  directly  opposite  the  crack  tip  is,  from  Eqn.  (A3), 
Okk  (hm/  0)  =  350  MPa.  The  stress  given  by  Eqn.  (Al),  with  the  center  of  the  probe  at 
(xo/  yo)  =  (hm/  0)  is  significantly  lower:  325  MPa.  However,  botii  values  are  reasonably 
close  to  the  value  in  Fig.  9  deduced  h-om  the  measured  peak  shift  (360  ±  20  MPa), 
consistent  with  the  findings  of  previous  studies.^/l^ 
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APPENDIX  B 


Fatigue  Crack  Trajectory 

The  preferred  path  taken  by  a  fatigue  crack  depends  on  the  ratio  of  energy  release 
rate  ranges,  compared  with  the  ratio  of  crack  growth  rates  at  the  relevant  phase 
angle,  'P,  for  the  different  possible  trajectories.  For  a  surface  crack,  an  interface  debond 
is  mixed  mode  OP  »  The  comparison  is  thus  made  for  mixed  mode  crack  growth 
along  the  int^aoe  and  mode  I  growth  through  the  alloy  (Fig.  6).  The  energy  release  rate 
range  for  mode  I  growth  through  the  alloy  is^^ 

6.Q  -  1.26jca(<^-<TL)/E  (Bl) 

where  a  is  one-half  the  ceramic  layer  thickness,  Gmax  and  Gmin  are  the  maximum  and 
minimum  stresses  applied  during  load  cycling  and  E  is  the  modulus  of  the  ceramic.  For 
mixed-mode  growth  along  the  interface,  upon  initial  cyclic  debonding^^ 

^Qya.  *“  —  <y^)/E.  (B2) 

Then,  upon  further  growth,  when  steady  state  is  reached  (A^  = 

A^“  »  0.5a(a^-o^)/E.  (B3) 

The  ratio  of  energy  release  rates  for  mode  I  growth  into  the  alloy  and  for  mixed  mode 
I/n  growffi  along  the  interface,  is  thus  in  the  range  4.2-Z5  It.  Imposing  this  ratio  onto 
the  crack  growth  curves  dictates  whether  interface  debonding  is  preferred  or  vice  versa 
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(Fig.  12).  The  present  data  for  AI2O3/AI  (Fig.  6)  indicate  that  interface  crack  growth  is 
preferred,  at  least  for  in  the  range,  10  ->  10,000  Jm*2. 

For  intact  metal  ligaments,  the  LQ  ratio  is  similar,  with  a  somewhat  larger  value 
for  mode  1,26 

“  2b(aLc-<^)[tan(jca/2b)]y^.  (B4) 

where  2(b  -  a)  is  the  ligament  thickness.  More  importantly,  the  loading  for  an  interface 
debond  crack  is  now  mode  n.  It  is  expected  that  the  mode  n  debond  growth  rate, 
da/dN,  is  appreciably  lower  than  that  in  mixed  mode.  Such  reductions  arise  because  of 
frictional  contacts  along  the  debond  faces,  as  found  in  monolithic  alloys  in  fatigue,22 
and  for  monotonic  interface  debonding.23  in  this  case,  mode  I  growth  through  the  alloy 
is  preferred  over  interface  debonding. 


KJS12/2«3 


15 


\ 

\ 


TABLE  I 


Interface  Fatigue  Crack  Growth  for  AI/AI2O3 


Metal  Layer  Thickness 
(ilm) 

Energy  Release  Rate  Range, 

Average 

Crack  Growth  Range, 
da/dN  (m/cycle) 

40 

13 

2.9x10^ 

144 

1.0x10^ 

180 

15x10^ 

100 

13 

1.4x10^ 

139 

2^x10^ 

250 

4 

2.8x10^ 

130 


3.4x1(H 
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FIGURE  CAPTIONS 


Fig.  1.  Effects  of  slip  and  debonding  on  die  stress  ahead  of  a  semi-infinite  crack.6 

Fig.  2.  The  specimen  configuration  and  the  locations  used  for  stress  measurement. 

Fig.  3.  a)  Optical  micrographs  of  two  AI/AI2O3  beams,  the  top  beam  subjected  to  a 
single  load  cycle,  the  lower  beam  subjected  to  50,000  cycles  of  flexural 
fatigue. 

b)  Optical  micrograph  of  an  interface  debond  created  from  the  precrack  by 
cyclic  loading,  as  viewed  through  die  transparent  outer  sapphire  layer. 

Fig.  4.  Crack  growth  resistances  measured  for  the  multilayers  used  in  the  presait 
study. 

Fig.  5.  Scanning  electron  micrographs  of  fatigue  striations  observed  in  the  altuninum 
layer  after  debonding  and  removal  of  the  upper  sapphire  layer:  a)  within  one 
grain,  b)  different  orientations  in  difreient  grains. 

Fig.  6.  Plot  of  the  average  crack  growth  rate,  da/dN  vs.  for  multilayers  with 
different  metal  layer  thicknesses.  Also  shown  are  data  for  Type  7075-T6  and 
llOO-TO  aluminum  alloys,  taken  from  References  7  and  18-20. 

Hg.  7.  Scanning  electron  micrograph  of  an  aluminum  ligament  that  failed  in  fatigue. 

Fig.  8.  Piezospectroscopic  calibration  curve  for  the  alumina  used  in  the  present 
investigation. 

Fig.  9.  Stress  ahead  of  precrack  with  load  applied  (nominal  K  =  7  )  and 

unloaded.  Comparison  with  and  without  debonding. 

Fig.  10.  Effect  of  debonding  in  a  fleairal  configuration  on  stresses  ahead  of  the  surface 
precrack. 

Fig.  11.  Schematic  illustrating  possible  fatigue  crack  trajectories:  a)  Mode  I  extoision  of 
cracks  from  cracked  ceramic  layers  into  the  intervening  metal  layer  and 
b),  c)  Extaision  of  mode  n  cracks  along  the  interface. 
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Fig.  12.  Schematic  of  the  effect  of  mode  mixity  on  the  relative  crack  growth  rates  for 
different  crack  trajectories.  Also  shown  is  the  ratio  of  A^'s.  For  this  case, 
interface  debonding  is  preferred  over  mode  I  growth  into  the  alloy. 
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ABSTRACT 

The  current  interest  in  tough,  high-temperature  materials  has  motivated  fiber 
coatings  development  for  sapphire  fiber-reinforced  cdumina  composites.  For  this 
system,  it  has  been  demonstrated  that  the  interfadal  properties  can  be  controlled  with 
coatings  which  can  be  eliminated  from  the  interface  subsequent  to  composite 
consolidation.  However,  these  fugitive  coatings  can  contribute  to  the  high  temperature 
strength  degradation  of  sapphire  fibers.  Such  degradation,  which  compromises  the 
composite  strength  and  toughness,  is  the  focus  of  the  current  investigation.  It  has  been 
observed  that  in  some  cases  selecting  appropriate  composite  processing  conditions  can 
minimize  such  effects  but  overcoming  fiber  strength  loss  remains  an  important  issue  for 
the  use  of  these  composites. 
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1.  INTRODUCTION 

The  current  limitations  to  the  advancement  of  ceramic  matrix  composites  are 
associated  with  the  development  of  high  strength,  oxidation  and  creep  resistant  fiber- 
reinforcements  and  the  control  of  the  interfadal  debonding  and  sliding  behaviors.  One 
approach  to  reinforcements  has  been  to  develop  single  crystal  oxide  fibers.  The  most 
thoroughly  studied  of  these  is  sapphire.  One  pronusing  class  of  coating  is  fugitive,l*2 
whereby  the  coating  is  removed  from  the  interface  subsequent  to  composite 
consolidation  in  order  to  leave  a  gap  between  the  fiber  and  matrix.  Carbon  and 
molybdenum  are  examples  of  such  coatings.  The  coating  thickness  and  resulting  gap 
size  are  used  to  maiupulate  the  interfadal  sliding  resistance.  However,  the  coating 
chemistry  and  thickness  can  affect  the  surface  morphology  of  the  fibers  during  either 
composite  processing  or  subsequent  exposures  to  high  temperatures.  This  can  lead  to 
pronounced  changes  in  fiber  strengths.  Such  effects  are  the  focus  of  this  investigation. 

This  study  has  five  essential  elements,  (i)  Uncoated  fibers  were  heat  treated  and 
their  strengths  measured  in  order  to  dassify  inherent  strength  degradation  mechanisms, 
(ii)  Coated  fibers  were  given  similar  heat  treatments  and  tested  to  establish  additional 
degradation  phenomena  that  may  arise,  (iii)  Fibers  wifii  thick  fugitive  coatings  of  C  and 
Mo  were  introduced  into  an  alumina  matrix  by  hot  pressing.  The  fibers  were  removed 
by  using  the  fugitive  character  of  the  coating.  The  withdrawn  fibers  were  tested.  These 
tests  identified  new  degradation  mechanisms  that  may  operate  with  this  coating. 

(iv)  Unidirectional  composites  were  fabricated  with  several  coating  thicknesses.  The 
tensile  properties  of  the  composite  were  measured  and  fiber  push-out  tests  performed. 
These  tests  idicated  whether  there  are  other  strengtii  loss  phenomena  assodated  with 
composite  consolidation.  They  also  allowed  correlation  to  be  made  between  composite 
behavior  and  the  fiber  strength  and  the  interface  debonding  and  sliding  resistance. 
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(v)  The  fiber  morphological  changes  have  been  examined  in  order  to  provide  an 
imderstanding  of  the  mechanisms  involved. 


2.  EXPERIMENTAL  PROCEDURES 

2.1  Fiber  Strength  Tests 

The  fibers  were  obtained  from  a  single  spool  of  Saphikon  sapphire  fiber  (diameter 
~  130  pm).  Their  tensile  strengths  were  measured  for  several  fiber  conditions  by  using  a 
commercially  available  fiber  testing  machine*  and  a  one-inch  gauge  length.  The  first  set 
was  tested  in  the  as-received  state.  The  second  was  washed  in  cold  water  followed  by 
acetone  and  ethanol,  and  then  subjected  to  the  series  of  heat-treatments  stunmarized  in 
Table  I.  The  remaining  two  sets  were  first  washed  and  then  coated  with  either  Mo  or  C 
to  a  thickness  of  ~  10-15  pm.  These  were  hot  pressed  into  a  high  purity  alumina  matrix 
tising  the  conditions  specified  in  Table  I.  After  hot  pressing,  the  composites  were  heat 
treated  at  1100®C  in  air  for  -  2  h  to  remove  the  coatings  from  the  interfaces.  The  fibers 
were  extracted  from  the  matrix  and  their  strengths  were  measured  directly. 

Fiber  strength  data  sets  were  comprised  of  ~  20  measurements.  While  this  set  size 
is  too  small  to  give  an  accurate  determination  of  the  fiber  strength  distribution 
parameters,  it  is  sufficient  to  establish  definitive  trends  in  the  median  fiber  strength.3^ 

2.2  Composite  Specimen  Fabrication 

Unidirectional  alumina  matrix  composites  containing  Mo  coated  sapphire  fibers 
were  produced  for  correlating  composite  behavior  with  the  prop>erties  of  the  fibers  and 
interfaces.  Coatings  with  three  thicknesses  (0.2, 0.7  and  1.4  pm)  were  used.  Composites 
were  produced  by  hot  isostatic  pressing  (HIPing).  These  have  been  made  by  first 


*  Micropull  Sciences,  Thousand  Oaks,  California 
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fabricating  a  preform  comprising  coated  fibers  within  a  slurry  of  the  matrix  material. 
These  composites  were  sealed  in  an  evacuated  niobium  can.  Consolidation  was 
achieved  at  a  pressure  of  30  MPa  at  1350®C  for  30  min  (Fig.  1).  Dog-bone  shaped  tensile 
specimens  were  diamond  machined  from  the  consolidated  composite  and  the  coatings 
were  removed  from  the  interface  by  heat-treating  in  air  at  1150®C  for  50  h. 

2.3  Microstiuctuial  Characterization 

Scanning  electron  microscopy  (SEM)  techniques  with  energy  dispersive  X-ray 
analysis  were  used  to  identify  the  strength  limiting  flaws  for  each  data  set.  In  addition, 
the  morphologies  of  heat-treated  fibers  were  examined  in  a  field  emission  scanning 
electron  microscope  (JEOL  6300F)  in  on  ^r  to  classify  and  compare  various  surface  and 
fracture  features. 

The  interfaces  in  the  composites  were  examined  by  transmission  electron 
microscopy  (TEM).  For  this  purpose,  electron  transparent  foils  were  prepared  as 
described  elsewhere.  After  tensile  testing,  the  fiber  pull-out  length  distributions  were 
measured  from  scanning  electron  micrographs  and  the  surface  features  of  the  fibers 
characterized.  In  addition,  interactions  between  the  fibers  and  the  matrix  were  also 
classified. 

2.4  Composite  Testing 

Tension  tests  were  performed  on  the  composite  in  a  fixture  located  within  a 
scaiming  electron  microscope  (Fig.  2).  The  forces  were  measured  from  a  load  cell.  The 
behavior  at  small  strains  was  monitored  from  strain  gauges  affixed  to  the  specimen.  At 
larger  strains,  the  specimen  displacement  was  measured  with  an  LVDT.  These  strain 
data  were  compared  with  photomicrographic  measurements. 

The  interfadal  sliding  resistances  were  measured  by  using  the  fiber  push-through 
technique. 
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3.  FIBER  STRENGTHS 

The  fibers  m  the  as-received  condition  were  found  to  have  a  median  strength, 
S  »  2.7  GPa,  and .  vVeibull  modulus,  m  *  6.5  (Fig.  3a),  consistent  with  values  reported 
in  the  literature.5  After  heating  the  washed,  imcoated  fibers  to  successively  higher 
temperatures  (1250®C,  1350®C  and  1450°C),  there  were  small,  though  significant, 
reductions  in  either  the  mean  strength,  S,  or  the  WeibuU  modulus,  m,  (Fig.  3b,  Table  I). 
Conversely,  extracted  fibers  originally  coated  with  Mo  showed  considerable  strength 
loss,  at  all  heat-treatment  temperatures  (Fig.  3b).  The  fibers  originally  coated  with 
carbon  exhibited  a  smaller  resolution  in  median  strength  but  had  the  most  substantial 
strength  variability,  reflected  in  the  highest  coefficient  of  variation  and  the  low  Weibull 
modulus  (m  =  2.6). 
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Table  I 

Fiber  Strength  Data 


Heat  Treatment* 

Median 

Strength 

(GPa) 

Coefficient 
of  Variation 

WeibuU 

Modulus 

1250®C 

2.6 

0.10 

9.8 

Uncoated 

1350°C 

2.0 

0.15 

6.8 

1450“C 

2.1 

0.18 

5.8 

Mo 

1250°C 

1.9 

0.16 

6.2 

Coated: 

1350®C 

1.4 

0.32 

2.2 

Extracted 

USO^C 

1.0 

0.33 

3.2 

C  Coated: 
Extracted 

USO^C 

1.6 

0.38 

2.6 

As-Received 

2.9 

0.13 

6.5 

*  With  the  exception  of  the  As-Received  set,  all  fibers  were  heated  in  an  air  furnace  at  1150°C  for  2  hours 
subsequent  to  the  heat  treatments  shown  above. 
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4.  FIBER  MORPHOLOGY 

Upon  heat  treatment,  the  fiber  morphology  is  found  to  be  strongly  influenced  by 
both  diffusional  effects  and  chemical  reactions,  especially  in  the  presence  of  either  fiber 
coatings  or  a  composite  matrix.  There  are  four  basic  phenomena  (Fig.  4),  each 
exemplified  by  the  observations  presented  below,  (i)  Surface  diffusion  causes  fiber 
facetting,  even  in  isolated  fibers,  (ii)  Thin  polycrystalline  coatings,  when  chemically 
inert  (no  reaction  products),  are  morphologically  unstable  and  develop  holes. 
Equilibrium  at  the  hole  edges  then  motivates  surface  diffusion  and  induces  the 
formation  of  ridges  on  the  fibers,  (iii)  Chenucal  reactions  occur  between  the  coating  and 
the  fiber  resvilting  in  fiber  surface  damage.  This  may  produce  either  solid  or  gaseous 
reaction  products,  (iv)  After  a  coating  has  either  become  discontinuous  during 
composite  consolidation  or  has  been  removed  by  oxidation,  the  matrix  may  sinter  to  the 
fiber.  This  results  in  localized  bonding,  causing  matrix  grains  to  remain  attached  to  the 
fiber  during  pull-out,  upon  composite  testing. 

4.1  Uncoated  Fibers 

The  fibers  display  sinusoidal  diameter  modulations  along  their  length  with 
characteristic  wavelengths  and  amplitudes,  described  elsewhere.^  Flaws  observed  in  the 
as-received  fibers  were  primarily  associated  with  porosity.  Pores  develop  during  fiber 
growth  and  have  been  observed  within  the  fibers  and  at  the  fiber  surfaces  (Fig.  5).  The 
strength  range  is  consistent  with  calculations  for  cylindrical  rods  containing  cracks 
having  the  same  dimensions  as  the  pores^  (Fig.  6). 

The  surface  featvires  were  altered  by  high  temperature  heat-treatments.  The  fibers 
facet  (Fig.  7),  illustrating  the  inherent  morphological  instability  of  single  crystal  fibers. 
Frequently,  local  surface  damage  was  evident  resulting  from  chemical  reactions 
(Fig.  8a).  These  sites  usually  correlate  with  failure  origins  and  accoimt  for  the  strength 
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loss.  Energy  dispersive  X-ray  spectroscopy  measurements  identified  Si  and  Mg  at  these 
sites  (Fig.  8b).  Two  likely  sources  of  contamination  include  the  incomplete  removal  of 
the  fiber  sizing  and  reactions  with  inorganic  contaminants  that  condense  onto  the  fiber 
surfaces  during  heat  treatment  in  the  air  furnace.  Such  contaminant  reactions  are 
avoidable  upon  encapsulation  of  the  fibers  and  are  of  moderate  practical  concern. 

4.2  Carbon  Coated  Fibers 

The  heat  treated  carbon  coated  fibers  displayed  surface  regions  indicative  of  a 
chemical  reaction  between  the  coating  and  the  fiber,  localized  near  fiber  ends  and  at 
locations  where  the  coatings  were  discontinuous.  The  reaction  product,  identified  by 
X-ray  analysis  as  AI4C3,  severely  degraded  the  fiber  surface  (Fig.  9).  The  extent  of 
reaction  increased  with  temperature  (Fig.  10).  In  addition,  accentuated  fiber  facetting 
occurred  near  the  reaction  sites. 

Thermodynamic  calculations  (Appendix  1)  indicate  that  alumina  and  C  can  react 
to  form  volatile  aluminum  suboxides  at  temperatures  as  low  as  1100'’C,  at  least  when 
heat  treatments  are  conducted  in  an  open  system.S-n  The  progress  of  these  reactions 
requires  a  means  of  removing  CO  from  the  reaction  site,  consistent  with  the  reactions 
being  preferentially  located  at  the  fiber  ends  and  at  coating  discontinuities.  This 
tendency  for  localized  attack  is  presumably  responsible  for  the  strength  variability  of  the 
fibers.  Some  fibers  were  relatively  undamaged  in  the  gauge  section  and  exhibit 
strengths  similar  to  the  uncoated  fibers  heat  treated  to  the  same  temperature.  Others 
were  damaged  in  the  gauge  length  associated  with  areas  where  the  coating  was 
discontinuous. 

4.3  Mo  Coated  Fibers 

Observations  of  the  extracted  Mo  coated  fibers  reveal  substanticd  changes  in 
surface  morphology.  At  least  two  phenomena  contribute.  The  first  involves  the  breakup 
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of  the  polycrystalline  Mo  coating.^2,13  jhe  Mo/ AI2O3  interface  then  forms  ridges  on  the 
surface  of  the  sapphire,  at  the  Mo  grain  edges.  This  process  proceeds  by  surface  and 
interface  diffusion.  The  ridges  are  visible  when  the  coating  is  chemically  etched  from  the 
fibers  (Fig.  11).  They  heighten  as  the  heat  treatment  temperature  increases.  Upon 
removing  the  coating,  further  heat  treatment  causes  the  ridges  to  become  unstable.  The 
morphology  then  resembles  fiber  facetting,  but  with  an  additional  surface  roughness 
that  originates  with  the  ridges. 

A  second  potential  phenomenon  involves  the  dissolution  of  alumina  in  Mo.  If  it 
occurs,  the  same  morphologiccd  changes  discussed  above  would  proceed,  but  the 
kinetics  could  be  more  rapid  than  those  for  interface  diffusion.  Such  dissolution  has 
been  well  documented  for  Nb/Al203  interfaces^'*  and  has  been  reported  to  occur  for 
Mo/ Al2C)3  composites  as  well  at  temperatures  similar  to  those  used  in  this  study 
(subject  to  the  oxygen  partial  pressure).*^  However,  it  has  not  been  verified  for  Mo, 
because  high  resolution  TEM  specimens  are  difficult  to  produce  without  interface 
debonding. 

The  large  strength  reduction  foimd  for  the  Mo  coated  fibers  is  presumed  to  relate 
to  the  ridges  and  troughs  formed  by  diffusion  or  dissolution.  It  has  not  been  possible  to 
quantify  the  measured  strengths,  because  an  appropriate  surface  flaw  model  has  not 
been  developed.  However,  the  general  trend  toward  a  lower  strength  with  increased 
ridge  height,  as  the  temperature  increases,  suggests  that  a  model  based  on  the  stress 
intensification  caused  by  ridges  and  troughs  is  consistent  with  the  measurements. 

4.4  Fibers  Within  A  Composite 

Thin  (0.2  and  0.7  pm )  Mo  fiber  coatings  do  not  remain  continuotis  after  composite 
consolidation  (Fig.  12).  Consequently,  submicron  thick  Mo  fiber  coatings  permit  the 
fibers  to  sinter  to  the  matrix,  during  HBPing,  in  those  areas  where  the  coating  has 
become  discontinuous  (Fig.  13).  The  thicker  (1.4  pm )  Mo  coatings  are  continuous 
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(Fig.  12),  but  the  thickness  is  non-uniform.  For  these  coatings,  local  sintering  of  the  fiber 
to  the  matrix  does  not  occur  upon  HIPing,  but  can  still  occur  after  the  coating  has  been 
removed.  In  such  cases,  upon  debonding,  some  matrix  grains  remain  attached  to  the 
fiber,  with  associated  ridge  formation  and  fiber  damage  (Fig.  14).  Chipping  of  the  fibers 
can  also  occur  (Fig.  15).  Such  visual  evidence  of  fiber,  matrix  sintering  allows 
measurement  of  the  sintered  regions  to  give  the  area  fraction  of  fiber  bonded  to  the 
matrix,  /a  (Table  H).  In  some  locations,  additional  features  are  evident,  manifest  as,large 
ridges  and  troughs  between  neighboring  sintered  sites  (Fig.  16). 

Sintered  areas  resist  debonding  and  increase  the  interfadal  fi-acture  energy  in 
proportion  to  the  area  fraction  of  bonding.  Moreover,  when  the  matrix  sinters  to  the 
fibers,  the  resulting  damage  (Fig.  14, 15)  reduces  the  fiber  strength.  The  relatively  Icirge 
depth  of  these  damaged  regions  compared  with  the  size  of  the  ridges  and  troughs 
found  for  the  extracted  Mo  coated  fibers  (Fig.  3)  suggests  that  the  strengths  may  be 
substantially  lower  in  the  HIPed  composites.  The  magnitude  of  the  additional  strength 
reduction  is  implied  from  analyses  conducted  below. 

Localized  sintering  would  also  induce  residual  stress  upon  cooling,  because  of  the 
thermal  expansion  mismatch  between  c-axis  sapphire  and  polycrystalline  AI2O3.  Such 
stresses  should  be  of  order  100  MPa  and  may  influence  trough  formation  (Appendix  H). 


5.  COMPOSITE  PROPERTIES 

Composites  with  Mo  coated  fibers  were  tested  after  removing  the  Mo.  All  failed 
from  a  single  dominant  crack  because  of  the  low  fiber  volume  fractions  (/<  0.20). 
However,  the  fracture  resistance  and  the  extent  of  fiber  pull-out  were  very  different  for 
the  three  coating  thicknesses  (Table  II).  The  specimens  with  thin  (0.2  pm)  gaps  had  low 
toughness  and  exhibited  co-planar  fracture  (Fig.  17),  with  no  pull-out.  Conversely, 
appreciable  pull-out  was  evident  for  the  two  larger  interfadal  gaps  (Fig.  18).  Moreover, 
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the  material  with  the  1.4  |Jm  interface  gaps  exhibited  substantially  more  pull-out 
(average  pull-out  length,  h  ~  640  nm)  than  the  nuiterial  with  the  0.7  pm  gaps 
(h  ~  90  pm).  A  typical  load-displacement  curve  for  these  materials  illustrates  the  fiber 
pull-out  contribution  to  the  composite  fracture  resistance  (Fig.  19).  The  magnitude  of  the 
fracture  dissipation  is  40  k  Jm’2.  The  associated  ultimate  tensile  strengths  (UTS), 
siunmarized  in  Table  I  indicate  a  similar  trend,  with  the  larger  gap  giving  a 
considerably  higher  UTS. 

The  corresponding  push-out  behaviors  are  summarized  in  Fig.  20.  The  composite 
with  the  thiimest  coating  did  not  exhibit  push-out.  The  inability  of  this  interface  to  slide 
and  pull-out  results  from  sintering.  Conversely,  sliding  was  induced  in  the  other  two 
composites.  Bi  di  materials  exhibited  essentially  the  same  sliding  resistance,  probably 
because  local  variations  in  the  coating  thickness,  rather  than  the  average  gap  width, 
dominate  sliding . 


6.  ANALYSIS 

6.1  Method  and  Assumptions 

An  attempt  is  made  to  interpret  the  above  composite  behavior  in  terms  of  the  fiber 
strength  degradation  phenomena,  discussed  above,  in  conjimction  with  related  trends 
in  interface  properties.  For  this  purpose,  three  basic  assumptions  are  made  and  used 
together  with  models  of  interface  debonding  and  sliding,  as  well  as  fiber  pull-out.  It  is 
assumed  't,  when  the  fiber  sinters  to  the  matrix,  debonding  occurs  when  the  energy 
release  ra  .eaches  the  mo^e  I  fractiue  energy  of  the  Bne-grained  alumina  polycrystals 
(Pc  =■  25  Jm"2).  The  deboiu.  energy  is  then, 

Ti  “  /a  Pc  (1) 
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with  /a  given  in  Table  H.  It  is  also  assumed  that  a  sliding  zone  exists  behind  the 
debond,  subject  to  a  constant  sliding  resistance,  T .  In  this  case,  the  debond  length,  I,  at 
stress,  O,  is^^ 


I 


RQ-/) 

2t/ 


(O-Oi) 


(2) 


where  R  is  the  fiber  radius,  /  is  the  fiber  volume  fraction  and  <Ji  is  the  debond  stress 
given  by. 


/  \ 

o.  =  —^EfjR  -  ^ 

1^1  > 


(3) 


where  o'T  is  the  axial  misfit  stress  caused  by  thermal  expansion  mismatch  and  Ci  and 
C2  are  constants  defined  by  Hutchinson  and  Jensen.16 

Finally,  it  is  assiuned  that  fiber  failure  occurs  xoithin  the  debond  zone,  in  accordance 
with  weakest  link  statistics.  The  fiber  pull-out  length  h  should  then  be  related  to  i.  The 
relationship  between  1  and  h  is  considered  to  be  similar  to  that  devised  by  Curtin,!^ 

h  =  .^A.'(m)  (4) 


where  V  is  a  function  of  the  Weibull  modulus  of  the  fibers.  Equation  (4)  must  be  a  lower 
bound  for  the  pull-out  length. 

6.2  Interpretation 

The  preceding  formulae  allow  an  understanding  and  rationalization  of  the 
observation  that  composites  with  the  0.7  pm  gap  have  smaller  pull-out  lengths  than 
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materials  with  a  1.4  |Xm  gap,  but  yet  have  similar  sliding  resistance.  There  are  two 
factors  involved,  (i)  A  smaller  debond  length  is  expected  with  the  narrower  gap, 
because  of  the  larger  debond  resistance  that  has  been  induced  by  the  more  extensive 
fiber/matrix  sintering.  Slip  is  limited  by  the  debond  length.t  (ii)  Fiber  weakening  occurs 
when  matrix  grains  sinter  to  the  fibers  and  create  damage  sites  (Fig.  14, 15). 

The  measured  UTS,  Ou,  may  be  inserted  into  Eqn.  (2)  and,  upon  using  Eqns.  (1) 
and  (3),  the  debond  lengths  at  failure  may  be  estimated.  The  results  (Table  H)  verify  that 
a  considerably  larger  debond  length  develops  for  the  composite  with  the  wider  interface 
gap.  Moreover,  the  proportionality  constant,  V,  between  the  pull-out  length,  h,  and  the 
debond  length  i  (Eqn.  4)  is  similar  for  both  materials. 

The  strengths  of  the  fibers  in  the  composite  Sc  is  out  of  order  (Table  H), 

S,  =  a„//  (5) 

These  strengths  are  considerably  lower  than  those  measured  for  the  extracted  fibers 
with  the  thick  coatings.  It  is  implied  that  the  strengths  have  been  markedly  degraded  by 
sintering  of  the  matrix  to  the  fibers.  Furthermore,  because  Sc  represents  the  strength 
measured  at  a  gauge  length  of  order  the  debond  length,  even  smaller  values  would 
obtain  at  a  1"  gauge  length. 


t  In  addition,  local  residual  stresses  at  the  bonded  sites  along  the  interface  may  influence  the  interface 
crack  trajectory.^® 
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Table  II 

Composite  Properties 


Coating 

Thickness 

(Ilm) 

t 

(MPa) 

h 

(lim) 

Fracture  of 
Fiber/Matrix 
Bonded 

Measured 

UTS 

(MPa) 

Sc 

(GPa) 

1 

(\lm) 

V 

(m) 

0.7 

17 

90 

-0.05 

22 

0.1 

250 

0.3 

1.4 

15 

640 

-0.01 

79 

0.4 

1000 

0.7 
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7.  SUMMARY 


Single  crystal  sapphire  fibers  have  been  suggested  as  a  high  strength  reinforcement 
for  ceramic  matrix  composites.  Interfaces  have  been  developed  based  on  a  fugitive 
coating  concept  which  satisfies  the  fiber  debonding  and  sliding  conditions  for 
toughness  enhancement  in  these  materials.  However,  the  strengths  of  the  fibers  are 
reduced  by  the  presence  of  the  coatings  and  are  further  reduced  upon  forming  a 
composite.  The  mechanisms  for  the  strength  loss  of  coated  fibers  include;  i)  gas  phase 
reactions  with  the  coating  which  produce  aluminum  sub-oxides  and  etch  the  fibers  ii) 
chemical  reactions  which  form  solid  state  reaction  products  and  iii)  facetting  or  ridging 
by  surface  diffusion.  Carbon  coated  fibers  are  susceptible  to  the  first  two  modes  of 
degradation.  However,  it  shotild  be  possible  to  minimize  these  effects  by  selecting 
composite  processing  conditions  that  provide  a  controlled  CO/CO2  atmosphere.  For  the 
Mo  coatings,  the  degradation  mechanisms  are  primarily  of  the  third  type  and  more 
difficult  to  eliminate. 

Additional  fiber  strength  reduction  results  after  composite  processing  with  thin 
coatings,  due  to  localized  sintering  of  the  matrix  to  the  fiber.  Such  bonding  affects  the 
surface  of  the  fibers.  It  also  imposes  a  residual  stress,  which  may  further  alter  the 
surface  morphology.  It  is  believed  that  this  strength  loss  could  be  minimized  by 
manipulating  the  matrix  microstructure  and  chemistry  (by  incorporating  segregants)  to 
reduce  the  sintering  potential. 
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APPENDIX  I 


Thermodynamic  Calculations 


For  alumina  to  be  reduced  by  carbon  during  ditfusion  bonding,  a  maximum 
pressure  for  the  reaction  system  can  be  determined.  The  chemical  reactions  of  interest 
and  their  standard  free  energies,*  AG°  (J/  mole),  per  mole  of  CO,  are  as  follows: 

I.  AI2O3  (s)+  9/2  C  (s)  =  1  /2  AI4C3  (s)  +  3CO  (g) 

1260904.5  -  575.5  T 

n.  Al203(s)  +  C(s)  =  Al202(g)+C0(g) 

AG“  =  1141595  -  389.3  T 

m.  Al203(s)  +  2C(s)  =  Al20(g)+2C0(g) 

AG®  =  1262879  -  551.7  T 

IV.  Al203(s)  +  C(s)  =  2A10(g)  +  C0(g) 

AG®  =  1600515  -  522.2  T 

V.  Al203(s)  +  3C(s)  =  2Al(g)+3C0(g) 

AG®  =  1929403  -  799.7  T 

VI. C(s)  +  l/202(g)  =  C0(g) 

AG®=  -111700-87.65  T 

Vn.  2CO  (g)+  O2  (g)  =  2C02  (g) 

AG®=  -5''4800+173.6  T 

where  T  is  the  temperature.  Reaction  I  was  calculated  to  have  the  lowest  free  energy  for 
the  temperature  range  of  interest  (1250®C-1450®C).  Furthermore,  since  this  reaction 


*  Thennodynanuc  data  are  taken  from  references  8-11. 
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involves  the  fonnation  of  one  gaseous  spedes  the  equilibrium  CO  partial  pressure  can 
be  determined  as  a  function  of  temperature.*^  The  equilibrium  CO  partial  pressure  is 
calculated  (Table  A.l),  using 


exp 


AG° 

3RT 


For  Reaction  I  to  proceed,  the  partial  pressures  of  CO  in  the  system  must  not  exceed  the 
equilibrium  values.  The  partial  pressures  of  the  CO2, 02  ai'd  the  aluminum  suboxides 
can  also  be  determined  using  these  CO  partial  pressures  (Table  A2). 


Table  AI 

Equilibrium  Partial  Pressure  of  CO  for  Reaction  I 


T(°C) 

pCO  (atm) 

1250 

4.0*10-5 

1350 

3.1*10^ 

1450 

1.9*10-3 

For  Reaction  I  to  proceed,  the  CO  partial  pressures  in  the  system  must  not  exceed 
the  equilibrium  values.  Such  pressures  cannot  develop  in  the  vacuum  system  used  for 
the  present  experiments. 

With  Pco  specified  at  its  equilibrium  value,  the  partial  pressures  of  the  aluminum 
suboxides  can  be  determined  for  Reactions  n  to  V  (Table  AH). 

*  It  is  assumed  that  the  buffer  system  descibed  by  reactions  VI.  and  VII.  does  not  dictate  the  CO  partial 
pressure  in  the  system. 
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Fig.  12.  Schematic  of  the  effect  of  mode  mixity  on  the  relative  crack  growth  rates  for 
different  crack  trajectories.  Also  shown  is  the  ratio  of  A^'s.  For  this  case, 
interface  debonding  is  preferred  over  mode  I  growth  into  the  alloy. 
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ABSTRACT 

The  current  interest  in  tough,  high-temperahue  materials  has  motivated  fiber 
coatings  development  for  sapphire  fiber-reinforced  alumina  composites.  For  this 
system,  it  has  been  demonstrated  that  the  interfadal  properties  can  be  controlled  with 
coatings  which  can  be  eliminated  from  the  interface  subsequent  to  comp>osite 
consolidation.  However,  these  fugitive  coatings  can  contribute  to  the  high  temperature 
strength  degradation  of  sapphire  fibers.  Such  degradation,  which  compromises  the 
composite  strength  and  toughness,  is  the  focus  of  the  current  investigation.  It  has  been 
observed  that  in  some  cases  selecting  appropriate  composite  processing  conditions  can 
minimize  such  effects  but  overcoming  fiber  strength  loss  remains  an  important  issue  for 
the  use  of  these  composites. 
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1.  INTRODUCTION 

The  current  limitations  to  the  advancement  of  c^amic  matrix  composites  are 
associated  with  the  development  of  high  strength,  oxidation  and  creep  resistant  fiber- 
reinforcements  and  the  control  of  the  interfadal  debonding  and  sliding  behaviors.  One 
approach  to  reinforcements  has  been  to  develop  single  crystal  oxide  fibers.  The  most 
thoroughly  studied  of  these  is  sapphire.  One  promising  class  of  coating  is  fugitive,!'^ 
whereby  the  coating  is  removed  from  the  interface  subsequent  to  composite 
consolidation  in  order  to  leave  a  gap  between  the  fiber  and  matrix.  Carbon  and 
molybdenum  are  examples  of  such  coatings.  The  coating  thickness  and  resulting  gap 
size  are  used  to  manipulate  the  interfadal  sliding  resistance.  However,  the  coating 
chemistry  and  thickness  can  affect  the  surface  morphology  of  the  fibers  during  either 
composite  processing  or  subsequent  expostires  to  high  temperatures.  This  can  lead  to 
pronounced  changes  in  fiber  strengths.  Such  effects  are  the  focus  of  this  investigation. 

This  study  has  five  essential  elements,  (i)  Uncoated  fibers  were  heat  treated  and 
their  strengths  measured  in  order  to  dassify  inherent  strength  degradation  mechanisms, 
(ii)  Coated  fibers  were  given  similar  heat  treatments  and  tested  to  establish  additional 
degradation  phenomena  that  may  arise,  (iii)  Fibers  with  thick  fugitive  coatings  of  C  and 
Mo  were  introduced  into  an  alumina  matrix  by  hot  pressing.  The  fibers  were  removed 
by  using  the  fugitive  character  of  the  coating.  The  withdrawn  fibers  were  tested.  These 
'ests  identified  new  degradation  mechanisms  that  may  operate  with  this  coating. 

(iv)  Unidirectional  composites  were  fabricated  with  several  coating  thicknesses.  The 
tensile  properties  of  the  composite  were  measured  and  fiber  push-out  tests  performed. 
These  tests  idicated  whether  there  are  other  strength  loss  phenomena  associated  with 
composite  consolidation.  They  also  allowed  correlation  to  be  made  between  composite 
behavior  and  the  fiber  strength  and  the  interface  debonding  and  sliding  resistance. 
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(v)  The  fiber  morphological  changes  have  been  examined  in  order  to  provide  an 
understanding  of  the  mechanisms  involved. 

2.  EXPERIMENTAL  PROCEDURES 

2.1  Fiber  Strength  Tests 

The  fibers  were  obtained  from  a  single  spool  of  Saphikon  sapphire  fiber  (diameter 
~  130  pm).  Their  tensile  strengths  were  measured  for  several  fiber  conditions  by  using  a 
commercially  available  fiber  testing  machine*  and  a  one-inch  gauge  length.  The  first  set 
was  tested  in  the  as-received  state.  The  second  was  washed  in  cold  water  followed  by 
acetone  and  ethanol,  and  then  subjected  to  the  series  of  heat-treatments  summarized  in 
Table  1.  The  remaining  two  sets  were  first  washed  and  then  coated  wifi\  eifiier  Mo  or  C 
to  a  fhickness  of  ~  10-15  |Xm.  These  were  hot  pressed  into  a  high  purity  alumina  matrix 
using  the  conditions  specified  in  Table  I.  After  hot  pressing,  the  composites  were  heat 
treated  at  1100®C  in  air  for  ~  2  h  to  remove  file  coatings  from  the  interfaces.  The  fibers 
were  extracted  from  the  matrix  and  their  str^gths  were  measured  directly. 

Fiber  strength  data  sets  were  comprised  of  ~  20  measurements.  While  this  set  size 
is  too  small  to  give  an  accurate  determination  of  the  fiber  strength  distribution 
parameters,  it  is  sufficient  to  establish  definitive  trends  in  the  median  fiber  strengfit.3>4 

2.2  Composite  Specimen  Fabrication 

Unidirectional  alumina  matrix  composites  containing  Mo  coated  sapphire  fibers 
were  produced  for  correlating  com^?osite  behavior  with  the  properties  of  the  fibers  and 
interfaces.  Coatings  with  three  thicknesses  (0.2, 0.7  and  1.4  pm)  were  used.  Composites 
were  produced  by  hot  isostatic  pressing  (HIFing).  These  have  been  made  by  first 

*  Micropull  Sdences,  Thousand  Oaks,  California 
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fabricating  a  preform  comprising  coated  fibers  within  a  slurry  of  the  matrix  material. 
These  composites  were  sealed  in  an  evacuated  niobium  can.  Consolidation  was 
achieved  at  a  pressure  of  30  MPa  at  1350®C  for  30  min  (Fig.  1).  I>og-bone  shaped  tensile 
specimens  were  diamond  machined  from  the  consolidated  composite  and  the  coatings 
were  removed  from  the  interface  by  heat-treating  in  air  at  1150®C  for  50  h. 

2.3  Microstructural  Characterization 

Scanning  electron  microscopy  (SEM)  techniques  with  energy  dispersive  X-ray 
analysis  were  used  to  identify  the  strength  limiting  flaws  for  each  data  set.  In  addition, 
the  morphologies  of  heat-treated  fibers  were  examined  in  a  field  emission  scanning 
electron  microscope  (JEOL  6300F)  in  order  to  classify  and  compare  various  surface  and 
fracture  features. 

The  interfaces  in  the  composites  were  examined  by  transmission  electron 
microscopy  (TEM).  For  this  purpose,  electron  transparent  foils  were  prepared  as 
described  elsewhere.  After  tensile  testing,  the  fiber  pull-out  length  distributions  were 
measured  from  scanning  electron  micrographs  and  the  svirface  features  of  the  fibers 
characterized.  In  addition,  interactions  between  the  fibers  and  the  matrix  were  also 
classified. 

2.4  Composite  Testing 

Tension  tests  were  performed  on  the  composite  in  a  fixture  located  within  a 
scanning  electron  microscope  (Fig.  2).  The  forces  were  measured  from  a  load  cell.  The 
behavior  at  small  strains  was  monitored  from  strain  gauges  affixed  to  the  spedmot.  At 
larger  strains,  the  specimen  displacement  was  measured  with  an  LVDT.  These  strain 
data  were  compared  wifii  photomicrographic  measurements. 

The  interfadal  sliding  resistances  were  measured  by  using  the  fiber  push-through 
technique. 
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3.  FIBER  STRENGTHS 

The  fibers  in  the  as-received  condition  woe  found  to  have  a  median  strength, 
S  »  2.7  GPa,  and  i  WeibuU  modulus,  m  »  6.5  (Fig.  3a),  consistait  with  values  reported 
in  the  literature.^  After  heating  the  washed,  uncoated  fibers  to  successively  higher 
temperatures  (1250®C,  1350®C  and  1450®C),  there  were  small,  though  significant, 
reductions  in  either  the  mean  strength,  S,  or  the  WeibuU  modulus,  m,  (Fig.  3b,  Table  1). 
Conversely,  extracted  fibers  originaUy  coated  with  Mo  showed  considerable  strengfit 
loss,  at  aU  heat-treatment  temperatures  (Fig.  3b).  The  fibers  originaUy  coated  with 
carbon  exhibited  a  smaUer  resolution  in  median  strength  but  had  the  most  substantial 
strength  variability,  reflected  in  the  highest  coefficient  of  variation  and  the  low  WeibuU 
modulus  (m  »  2.6). 
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Table  I 

Fiber  Strength  Data 


Ifeat  Treatment* 

Median 

Stroigth 

(GPa) 

Coefficient 
of  Variation 

WeibuU 

Modulus 

1250«C 

Z6 

0.10 

9.8 

Uncoated 

1350«C 

ZO 

0.15 

6.8 

1450«C 

2.1 

0.18 

5.8 

Mo 

1250‘’C 

1.9 

0.16 

6.2 

Coated: 

135(y*C 

1.4 

0.32 

2.2 

Extracted 

1450«C 

1.0 

0.33 

3.2 

C  Coated: 
Extracted 

145(y»C 

1.6 

038 

2.6 

AS’Received 

2.9 

0.13 

6.5 

With  the  excqTtion  of  the  As-Received  set,  all  fibers  vrere  heated  in  an  air  furnace  at  1  15(K:  for  2  hours 
subsequent  to  the  heat  treatments  shown  above. 
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4.  FIBER  MORPHOLOGY 

Upon  heat  treatment,  the  fiber  morphology  is  found  to  be  strongly  influenced  by 
both  diffusional  effects  and  chemical  reactions,  especially  in  the  presence  of  either  Hber 
coatings  or  a  composite  matrix.  There  are  four  basic  phenomena  (Fig.  4),  each 
exemplified  by  the  observations  presented  below,  (i)  Surface  diffusion  causes  fibo* 
facetting,  even  in  isolated  fibers,  (ii)  Thin  polycrystalline  coatings,  when  chemically 
inert  (no  reaction  products),  are  morphologically  unstable  and  develop  holes. 
Equilibrium  at  the  hole  edges  then  motivates  surface  diffusion  and  induces  the 
formation  of  ridges  on  the  fibers,  (iii)  Chemical  reactions  occur  between  the  coating  and 
the  fiber  resulting  in  fiber  surface  damage.  This  may  produce  either  solid  or  gaseous 
reaction  products,  (iv)  After  a  coating  has  either  become  discontinuous  during 
composite  consolidation  or  has  been  removed  by  oxidation,  the  matrix  may  sinter  to  the 
fiber.  This  results  in  localized  bonding,  causing  matrix  grains  to  remain  attached  to  the 
fiber  during  pull-out,  upon  composite  testing. 

4.1  Uncoated  Fibers 

The  fibers  display  sinusoidal  diameter  modulations  along  their  length  with 
characteristic  wavelengths  and  amplitudes,  described  elsewhere.^  Flaws  observed  in  the 
as-received  fibers  were  primarily  associated  with  porosity.  Pores  develop  during  fiber 
growth  and  have  been  observed  within  the  fibers  and  at  the  fiber  surfaces  (Fig.  5).  The 
strength  range  is  consistent  with  calcinations  for  cylindrical  rods  containing  cracks 
having  the  same  dimensions  as  the  pores^  (Fig.  6). 

The  surface  features  were  altered  by  high  temperature  heat-treatments.  The  fibers 
facet  (Fig.  7),  illustrating  the  inherent  morphological  instability  of  single  crystal  fibers. 
Frequently,  local  surface  damage  was  evident  resulting  from  chenucal  reactions 
(Fig.  8a).  These  sites  usually  correlate  with  failure  origins  and  account  for  the  strength 
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loss.  Energy  dispersive  X-ray  spectroscopy  measurements  identified  Si  and  Mg  at  these 
sites  (Fig.  8b).  Two  likely  sources  of  contamination  include  the  incomplete  removal  of 
the  fiber  sizing  and  reactions  with  inorganic  contaminants  that  condense  onto  the  fiber 
surfaces  during  heat  treatment  in  the  air  furnace.  Such  contaminant  reactions  are 
avoidable  upon  encapsulation  of  the  fibers  and  are  of  moderate  practical  concern. 

4.2  Carbon  Coated  Fibers 

The  heat  treated  carbon  coated  fibers  displayed  surface  regions  indicative  of  a 
chemical  reaction  between  the  coating  and  the  fiber,  localized  near  fiber  ends  and  at 
locations  where  the  coatings  were  discontinuous.  The  reaction  product,  identified  by 
X-ray  analysis  as  AI4C3,  severely  degraded  the  fiber  surface  (Fig.  9).  The  extent  of 
reaction  increased  with  temperature  (Fig.  10).  In  addition,  accentuated  fiber  facetting 
occurred  near  the  reaction  sites. 

Thermodynamic  calculations  (Appendix  1)  indicate  that  alumina  and  C  can  react 
to  form  volatile  aluminum  suboxides  at  temperatures  as  low  as  1 100°C,  at  least  when 
heat  treatments  are  conducted  in  an  open  system.8-ll  The  progress  of  these  reactions 
requires  a  means  of  removing  CO  from  the  reaction  site,  consistent  with  the  reactions 
being  preferentially  located  at  the  fiber  ends  and  at  coating  discontinuities.  This 
tendency  for  localized  attack  is  presumably  responsible  for  the  strength  xmiiability  of  the 
fibers.  Some  fibers  were  relatively  imdamaged  in  the  gauge  section  and  exhibit 
strengths  similar  to  the  uncoated  fibers  heat  treated  to  the  same  temperature.  Others 
were  damaged  in  the  gauge  length  associated  with  areas  where  the  coating  was 
discontinuous. 

4.3  Mo  Coated  Fibers 

Observations  of  the  extracted  Mo  coated  fibers  reveal  substantial  changes  in 
surface  morphology.  At  least  two  phenomena  contribute.  The  first  involves  the  breakup 
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of  the  polycrystalline  Mo  coating.^2,13  jhe  Mo/ AI2O3  interface  then  forms  ridges  on  the 
surface  of  the  sapphire,  at  the  Mo  grain  edges.  This  process  proceeds  by  surface  and 
interface  diffusion.  The  ridges  are  visible  when  the  coating  is  chemically  etched  from  the 
fibers  (Fig.  11).  They  heighten  as  the  heat  treatment  temperature  increases.  Upon 
removing  the  coating,  further  heat  treatment  causes  the  ridges  to  become  unstable.  The 
morphology  then  resembles  fiber  facetting,  but  with  an  additional  surface  roughness 
that  originates  with  the  ridges. 

A  second  potential  phenomenon  involves  the  dissolution  of  aliunina  in  Mo.  If  it 
occurs,  the  same  morphological  changes  discussed  above  would  proceed,  but  the 
kinetics  could  be  more  rapid  than  those  for  interface  diffusion.  Such  dissolution  has 
been  well  documented  for  Nb/ AI2O3  interfaces'^  and  has  been  reported  to  occur  for 
Mo/ AI2O3  composites  as  well  at  temperatures  similar  to  those  used  in  this  study 
(subject  to  the  oxygen  partial  pressure).l5  However,  it  has  not  been  verified  for  Mo, 
because  high  resolution  TEM  specimens  are  difficult  to  produce  without  interface 
debonding. 

The  large  strength  reduction  found  for  the  Mo  coated  fibers  is  presumed  to  relate 
to  the  ridges  and  troughs  formed  by  diffusion  or  dissolution.  It  has  not  been  possible  to 
quantify  the  measured  strengths,  because  an  appropriate  surface  flaw  model  has  not 
been  developed.  However,  the  general  trend  toward  a  lower  strength  with  increased 
ridge  height,  as  the  temperahire  increases,  suggests  that  a  model  based  on  the  stress 
intensification  caused  by  ridges  and  troughs  is  consistent  with  the  measurements. 

4.4  Fibers  Within  A  Composite 

Thin  (0.2  and  0.7  pm )  Mo  fiber  coatings  do  not  remain  continuous  after  composite 
consolidation  (Fig.  12).  Consequently,  submicron  thick  Mo  fiber  coatings  permit  the 
fibers  to  sinter  to  the  matrix,  during  HIPing,  in  those  areas  where  the  coating  has 
become  discontinuous  (Fig.  13).  The  thicker  (1.4  pm )  Mo  coatings  are  continuous 


I 
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(Fig.  12),  but  the  thickness  is  non-uniform.  For  these  coatings,  local  sintering  of  the  fiber 
to  the  matrix  does  not  occur  upon  HIRng,  but  can  still  occur  after  the  coating  has  been 
removed.  In  such  cases,  upon  debonding,  some  matrix  grains  remain  attached  to  the 
fiber,  with  associated  ridge  formation  and  fiber  damage  (Fig.  14).  Chipping  of  the  fibers 
can  also  occur  (Fig.  15).  Such  visual  evidence  of  fiber,  matrix  sintering  allows 
measurement  of  the  sintered  regions  to  give  the  area  fi'action  of  fiber  bonded  to  the 
matrix,  /a  (Table  n).  In  some  locations,  additional  features  are  evident,  manifest  as,large 
ridges  and  troughs  between  neighboring  sintered  sites  (Fig.  16). 

Sintered  areas  resist  debonding  and  increase  the  interfadal  fracture  energy  in 
proportion  to  the  area  fraction  of  bonding.  Moreover,  when  the  matrix  sinters  to  the 
fibers,  the  resulting  damage  (Fig.  14, 15)  reduces  the  fiber  strength.  The  relatively  large 
depth  of  these  damaged  regions  compared  with  the  size  of  the  ridges  and  troughs 
foimd  for  the  extracted  Mo  coated  fibers  (Fig.  3)  suggests  that  the  strengths  may  be 
substantially  lower  in  the  HIPed  composites.  The  magnitude  of  the  additional  strength 
reduction  is  implied  from  analyses  conducted  below. 

Localized  sintering  would  also  induce  residual  stress  upon  cooling,  because  of  the 
thermal  expansion  mismatch  between  c-axis  sapphire  and  polycrystalline  Al2C)3.  Such 
stresses  should  be  of  order  100  MPa  and  n:.ay  influence  trough  formation  (Appendix  D). 


5.  COMPOSITE  PROPERTIES 

Composites  with  Mo  coated  fibers  were  tested  after  removing  the  Mo.  All  failed 
from  a  single  dominant  crack  because  of  the  low  fiber  volume  fractions  (/<  0.20). 
However,  the  fracture  resistance  and  the  extent  of  fiber  pull-out  were  very  different  for 
the  duee  coating  thicknesses  (Table  11).  The  specimens  with  thin  (0.2  pm)  gaps  had  low 
toughness  and  exhibited  co-planar  fracture  (Fig.  17),  with  no  pull-out.  Conversely, 
appreciable  pull-out  was  evident  for  the  two  larger  interfadal  gaps  (Fig.  18).  Moreover, 
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the  material  with  the  1.4  ^m  interface  gaps  exhibited  substantially  more  pull-out 
(average  pull-out  length,  h  ~  640  pm)  than  the  material  with  the  0.7  |im  gaps 
(h  ~  90  pm).  A  typical  load-displacement  curve  for  these  materials  illustrates  the  fiber 
pull-out  contribution  to  the  composite  fracture  resistance  (Fig.  19).  The  magnitude  of  the 
fracture  dissipation  is  40  k  Jm‘2.  The  associated  ultimate  tensile  strengths  (UTS), 
summarized  in  Table  I  indicate  a  similar  trend,  with  the  larger  gap  giving  a 
considerably  higher  UTS. 

The  corresponding  push-out  behaviors  are  summarized  in  Fig.  20.  The  composite 
with  the  thinnest  coating  did  not  exhibit  push-out.  The  inability  of  this  interface  to  slide 
and  pull-out  results  from  sintering.  Conversely,  sliding  was  induced  in  the  other  two 
composites.  Bv  materials  exhibited  essentially  the  same  sliding  resistance,  probably 
because  local  variations  in  the  coating  thickness,  rather  than  the  average  gap  width, 
dominate  sliding . 


6.  ANALYSIS 

6.1  Method  and  Assumptions 

An  attempt  is  made  to  interpret  the  above  composite  behavior  in  terms  of  the  fiber 
strength  degradation  phenomena,  discussed  above,  in  conjunction  with  related  trends 
in  interface  properties.  For  this  purpose,  three  basic  assumptions  are  made  and  used 
together  with  models  of  interface  debonding  and  sliding,  as  well  as  fiber  pull-out.  It  is 
assumed  't,  when  the  fiber  sinters  to  the  matrix,  debonding  occurs  when  the  energy 
release  ra  .  eaches  the  mo^e  I  fi-achue  energy  of  the  fine-grained  alumina  polycrystals 
(Fc  *  25  Jm*2).  The  deboiu..  energy  is  then, 

F  *  /aF  (1) 
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with  /a  given  in  Table  H.  It  is  also  assumed  that  a  sliding  zone  exists  behind  the 
debond,  subject  to  a  constant  sliding  resistance,  T .  In  this  case,  the  debond  length,  £,  at 
stress,  O,  is^^ 


where  R  is  the  fiber  radius,  /  is  the  fiber  volume  fraction  and  Gj  is  the  debond  stress 
given  by. 


where  is  the  axial  misfit  stress  caused  by  thermal  expai.sion  mismatch  and  Ci  and 
C2  are  constants  defined  by  Hutchinson  and  Jensen. 

Finally,  it  is  assumed  that  fiber  failure  ocxaars  within  the  debond  zone,  in  accordance 
with  weakest  link  statistics.  The  fiber  pull-out  length  h  should  then  be  related  to  1.  The 
relationship  between  1  and  h  is  considered  to  be  similar  to  that  devised  by  Curtin,!^ 

h  =  ^X'(m)  (4) 

where  V  is  a  function  of  the  Weibull  modulus  of  the  fibers.  Equation  (4)  must  be  a  lower 
bound  for  the  pull-out  length. 

6.2  Interpretation 

The  preceding  formulae  allow  an  und^standing  and  rationalization  of  the 
observation  that  composites  with  the  0.7  pm  gap  have  smaller  pull-out  lengths  than 
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materials  with  a  1.4  ^im  gap,  but  yet  have  similar  sliding  resistance.  There  are  two 
factors  involved,  (i)  A  smaller  debond  length  is  expected  with  the  narrower  gap, 
because  of  the  larger  debond  resistance  that  has  been  induced  by  the  more  extensive 
fiber/matrix  sintering.  Slip  is  limited  by  the  debond  length.t  (ii)  Fiber  weakening  occurs 
when  matrix  grains  sinter  to  the  fibers  and  create  damage  sites  (Fig.  14, 15). 

The  measured  UTS,  Ou,  may  be  inserted  into  Eqn.  (2)  and,  upon  using  Eqns.  (1) 
and  (3),  the  debond  lengths  at  failure  may  be  estimated.  The  results  (Table  H)  verify  that 
a  considerably  larger  debond  length  develops  for  the  composite  with  the  wider  interface 
gap.  Moreover,  the  proportionality  constant,  X.',  between  the  pull-out  length,  h,  and  the 
debond  length  i  (Eqn.  4)  is  similar  for  both  materials. 

The  strengths  of  the  fibers  in  the  composite  Sc  is  out  of  order  (Table  H), 

S,  »  cjf  (5) 

These  strengths  are  considerably  lower  than  those  measured  for  the  extracted  fibers 
with  the  thick  coatings.  It  is  implied  that  the  strengths  have  been  markedly  degraded  by 
sintering  of  the  matrix  to  the  fibers.  Furthermore,  because  Sc  represents  the  strength 
measured  at  a  gauge  length  of  order  the  debond  length,  even  smaller  values  would 
obtain  at  a  1"  gauge  length. 


t  In  addition,  local  residual  stresses  at  the  bonded  sites  along  the  interface  nriay  influence  the  interface 
crack  trajectory.^® 
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Table  II 


Composite  Properties 

h  Fracture  of 
(^un)  Fiber/Matrix 
Bonded 

90  ~  0.05 

640  ~  0.01 
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Measured 

UTS 

(MPa) 


22 


79 


7.  SUMMARY 


Single  crystal  sapphire  fibers  have  been  suggested  as  a  high  strength  reinforcement 
for  ceramic  matrix  composites.  Interfaces  have  been  developed  based  on  a  fugitive 
coating  concept  which  satisfies  the  fiber  debonding  and  sliding  conditions  for 
toughness  enhancement  in  these  materials.  Ifowever,  the  strengths  of  the  fibers  are 
reduced  by  the  presence  of  the  coatings  and  are  further  reduced  upon  forming  a 
composite.  The  mechanisms  for  the  strength  loss  of  coated  fibers  include:  i)  gas  phase 
reactions  with  the  coating  which  produce  aluminum  sub-oxides  and  etch  the  fibers  ii) 
chenucal  reactions  which  form  solid  state  reaction  products  and  iii)  facetting  or  ridging 
by  surface  diffusion.  Carbon  coated  fibers  are  susceptible  to  the  first  two  modes  of 
degradation.  However,  it  should  be  possible  to  minimize  these  effects  by  selecting 
composite  processing  conditions  that  provide  a  controlled  CO/CO2  atmosphere.  For  the 
Mo  coatings,  the  degradation  mechanisms  are  primarily  of  the  third  type  and  more 
difficult  to  eliminate. 

Additional  fiber  strength  reduction  restUts  after  composite  processing  with  thin 
coatings,  due  to  localized  sintering  of  the  matrix  to  the  fiber.  Such  bonding  affects  the 
surface  of  the  fibers.  It  also  imposes  a  residual  stress,  which  may  further  alter  the 
surface  morphology.  It  is  believed  that  this  stroigth  loss  could  be  minimized  by 
manipulating  file  matrix  microstructure  and  chemistry  (by  incorporating  segregants)  to 
reduce  the  sintering  potential. 
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APPENDIX  I 


Thermodynamic  Calculations 


For  alumina  to  be  reduced  by  carbon  during  diffusion  bonding,  a  maximum 
pressure  for  the  reaction  system  can  be  determined.  The  chemical  reactions  of  interest 
and  their  standard  free  energies/  AG*’  (J/  mole),  per  mole  of  CO,  are  as  follows: 

I.  AI2O3  (s)+  9/2  C  (s)  =  1/2  AI4C3  (s)  +  3CO  (g) 

AG“=  1260904.5  -  575.5  T 

n.  Al2C)3(s)  +  C(s)  =  Al202(g)+C0(g) 

AG*  =  1141595  -  389.3  T 

m.  AI2O3  (s)  +  2C  (s)  =  AI2O  (g)  +  2CO  (g) 

AG*  =  1262879- 551.7  T 

IV.  Al2C)3(s)  +  C(s)  =  2A10(g)+C0{g) 

AG*  =  1600515  -  522.2  T 

V.  Al203(s)  +  3C(s)  =  2Al(g)+3CO(g) 

AG*  =  1929403  -  799.7  T 

VI.  C(s)  +  l/202(g)  =  CCKg) 

AG*= -111700-87.65  T 

Vn.  2CO  (g)+  O2  (g)  =  2CQ2  (g) 

AG*= -564800+173.6  T 

where  T  is  the  temperature.  Reaction  I  was  calculated  to  have  the  lowest  free  eneigy  for 
the  temperature  range  of  interest  (1250*C-1450*C).  Furthermore,  since  this  reaction 


*  Thermodynamic  data  are  taken  from  references  8-11. 
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involves  the  formation  of  one  gaseous  species  the  equilibrium  CO  partial  pressure  can 
be  determined  as  a  function  of  temperature.*  The  equilibrium  CO  partial  pressure  is 
calculated  (Table  A.1),  using 


For  Reaction  I  to  proceed,  the  partial  pressiues  of  CO  in  the  system  must  not  exceed  the 
equilibrium  values.  Ibe  partial  pressures  of  the  CO2, 02  the  aluminum  suboxides 
can  also  be  determined  using  these  CO  partial  pressures  (Table  A2). 


Table  AI 

Equilibrium  Partial  Pressure  of  CO  for  Reaction  I 


T(«C) 

pCO  (atm) 

1250 

4.0*10*5 

1350 

3.1*10-* 

1450 

1.9*10-3 

For  Reaction  I  to  proceed,  the  CO  partial  pressures  in  the  system  must  not  exceed 
the  equililmum  values.  Such  pressures  cannot  devdop  in  the  vacuiun  system  used  for 
the  present  experiments. 

With  Pco  specified  at  its  equilibrium  value,  the  partial  pressiires  of  the  aluminum 
suboxides  can  be  determined  for  Reactions  n  to  V  (Table  All). 

*  It  is  assumed  that  the  buffer  system  desdbed  by  reactions  VI.  and  VU.  does  not  dictate  the  CO  partial 
pressure  in  the  system. 
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From  these  results,  it  is  apparent  that  both  AI2O  and  A1  have  significant  partial 
pressures  under  conditions  that  also  permit  the  formation  of  AI4C3.  The  formation  of 
these  volatile  phases  could  occur  by  reaction  with  CO  in  regions  adjacent  to  the  C 
coating,  consistent  with  the  observation  of  rapid  facetting  near  discontinuities  in  the 
coating. 
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TABLE  All 


Partial  Pressures  of  Gas  Phases  for  the  Aluminum  Oxide/Carbon  System* 


T(«C) 

pCO 

(atm) 

PAI2O2 

(atm) 

pAl 

(atm) 

PAI2O 

(atm) 

pAlO 

(atm) 

ptoUd 

(atm) 

1250 

4.0«10-5 

3.0*10-15 

2.0*10-6 

1.6*10-6 

2.3*10-12 

2.9*10-5 

1350 

3.1*10-* 

1.3*10-13 

1.2*10-5 

1.4*10-5 

4.0*10-11 

3.4*10-4 

1450 

1.9*10*3 

2.8*1-12 

5.0*10-* 

1.3*1(H 

5.0*10-10 

2.1*10-3 

*  These  results  are  in  reasonable  agreement  witft  literature  values.  (Ref.:  ^ague  in  Ref.  of  High  Temp. 
Sys.  vol.  1.,  ed.  G.S.  Bahn,  Gordon  &  Breach  (1964). 
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(torr) 


Reaction  1.  can  proceed  ifptotal  >  Pfumace 


k 


T  CO 


From  the  graph  above  it  can  be  seen  that  Reaction  I  can  proceed  in  die 
vacuum  f^ace  at  temperatures  exceeding  1100®C  evoi  for  Ae  lower 
vacuum  range  (5»1(H  torr). 
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APPENDIX  II 


Crack-Like  Surface  Instabilities 


Recent  analyses  have  shown  that  surface  perturbations  can  grow  into  crack-like 
flaws,  by  surface  diffusion,  in  bodies  subject  to  stress.^^  The  flux  is  provided  by  the 
strain  energy  contribution  to  the  chemical  potential,  which  can  exceed  the  surface 
curvature  term,  at  sufficiently  high  stress.  The  consequence  is  that  there  is  a  critical 
stress.  Go  above  which  such  flaws  can  develop.  The  surface  troughs  observed  in  some 
of  the  fibers  may  be  caused  by  this  phenomenon.  In  order  to  explore  this  possibility, 
analysis  of  the  critical  stress  is  performed. 

The  basic  requirement  for  th<^  development  of  crack-like  flaws  is  that  the  change  in 
strain  energy,  dU,  upon  crack  extension,  da,  exceed  the  increase  in  surface  energy,  dUs, 
as  in  the  original  Griffilh  analysis.  This  condition  defines  the  critical  stress.  For  an  array 
of  surface  flaws  of  depth,  a,  and  separation,  b,  die  energy  release  rate  at  stress,  G,  is 

dU 
da 

where  the  function  F(a/b)  is  plotted  on  Fig.  Al.  The  corresponding  change  in  surface 
energy  is 


da 


where  7$  ^  the  surface  energy  per  unit  area.  Hence,  for  flaw  growth  to  be  possible. 


Vrcb' 

.  E  , 


F(a/b) 


(Al) 
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% 


dU/da  S  dU./da 


(A3) 


resulting  in  a  critical  stress. 


Oc 


I^F(Vb) 

^  nb 


(A4) 


For  flaws  with  depths  in  the  micron  range  to  extend  in  sapphire,  Eqn.  ( A4)  indicates 
that  stresses  of  order  500  MPa  are  required  (Fig.  A2).  While  such  stresses  are  imlikely, 
the  mechanism  has  not  been  ruled  out  because  of  the  morphological  similarity  of  the 
observed  trough  with  the  profile  predicted  for  diffusive  crack  growth. 
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FIGURE  CAPTIONS 


Fig.  1 .  Cross  section  of  composite  produced  by  HCPing. 

Fig.  2.  Composite  tensile  test  geometry  for  in  situ  studies  in  the  SEM. 

Fig.  3.  a)  Fiber  strength  data:  P  is  the  cumulative  probability  of  fracture. 

b)  Effect  of  heat  treatment  on  median  strengtiis  and  standard  deviation. 

Fig.  4.  Schematic  representations  of  the  surface  morphology  changes  found  to  occur 
when  coated  sapphire  fibers  are  heat  treated. 

Fig.  5.  Pores  observed  on  the  surface  of  a  sapphire  fiber. 

Fig.  6.  Fiber  strength  predictions  obtained  upon  assuming  that  the  porous  behaviors 
are  penny-cracks.  The  fracture  enogy  for  sapphire  was  assumed  to  be  15 
Jm“2-  Typical  pore  diameters  are  ~  1  Jim.  The  stress  intensity  factor  is, 

Ki  =  (2/Vit  )aVa  F(a/b). 

Fig.  7.  Facets  observed  on  the  surfaces  of  tmcoated,  heat  treated  fibers. 

Fig.  8.  a)  Surface  damage  was  observed  on  imcoated,  heat-treated  fibers.  A  chemical 
reaction  has  occurred  between  the  fiber  and  the  contaminant,  b)  The  reaction 
site  examined  by  £E)S,  reveals  Si  and  Mg. 

Fig.  9.  Localized  fiber  surface  degradation  observed  when  carbon  coatings  were 
used. 

Fig.  10.  The  fiber  surface  degradation  (near  tiie  coating  edge)  for  the  carbon  coated 
fibers  increases  with  the  heat-treatmait  temperature,  a)  Surface  features  of  a 
fiber  heated  in  vacuum  for  2  h  at  1250®C.  b)  Surface  features  of  a  fiber  heated 
in  vacuum  for  2  h  at  1350®C.  c)  Surface  features  of  a  fiber  heated  in  vacuum  for 
2hatl450‘‘C. 

Fig.  11.  Ridges  on  the  sapphire  surface  observed  when  Mo  coated  fibers  were  heat 
treated.  The  coating  has  been  chemically  etched  from  the  fiba:  surface. 


KJS-Evans-2S<TA-Cnipst  Proc  Sphr  93/1 1/30>10:48  AM>12n/93 


25 


Fig.  12.  TEM  micrographs  reveal  that  a)  0.7  mm  thick  Mo  coatings  do  not  remain 
continuous  during  HIPing .  b)  1.4  |im  thick  Mo  coatings  are  continuous. 

Fig.  13.  Bonding  between  the  fiber  and  the  matrix  can  occur  during  composite 
consolidation  when  thin  Mo  coatings  (0.7  pm)  become  morphologically 
unstable. 

Fig.  14.  Matrix  grains  which  sinter  to  the  fiber  remain  attached  uf>on  debonding  and 
pull-out. 

Fig.  15.  Surface  grooves  observed  on  sapphire  fibers  in  HIPed  composites,  after  fiber 
pull-out.  Also  shown  are  the  regions  that  sintered  and  then  debonded. 

Fig.  16.  Sliding  between  the  matrix  and  fiber  during  pull-out  degrades  the  fiber 
surface  and  can  damage  the  fiber. 

Fig.  17.  Extensive  bonding  between  the  fiber  and  matrix  led  to  co-planar  fracture  of  the 
composite  produced  with  0.2  jXm  thick  gaps. 

Fig.  18.  a)  Composites  produced  with  the  0.7  pm  thick  coatings  exhibited  moderate 
fiber  pull-out.  b)  The  greatest  extent  of  fiber  pull-out  was  found  for  the 
composites  produced  with  1.4  pm  thick  coatings. 

Fig.  19.  Load-displacement  curves  for  comp>osites  produced  with  1.4  pm  thick 

interface  gaps  reveal  contributions  to  crack  growth  resistance  from  fiber  piall- 
out.  The  corresponding  energy  dissipation  is  40  kjm'2. 

Fig.  20.  Shear  resistance  of  interface  measvirements  by  fiber  push-out. 
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